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Abstract:  Metallic glass specimens with a nominal composition of Ti,,Cug,_,Pd;,Zr(Sn,Si,
(at.%), where x = 2, 3, and 5, were subjected to annealing and/or ion irradiation and their
microstructure and mechanical properties were characterized by a combination of X-ray diffrac-
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CHAPTER I

INTRODUCTION

1.1 Motivation for the Present Study

Metallic glasses (MGs) are a class of alloys that, unlike their conventional counterparts, do not
exhibit long range atomic order [1-3]. Because of their amorphous structure, MGs do not possess
crystalline defects (e.g., dislocations and grain boundaries) and exhibit desirable properties that
make them suitable for a variety of applications. Among MG alloys, Ti-based MGs have recently
received considerable attention because of their high specific strength, high elasticity, and superior
wear and corrosion resistance. Such desirable properties make Ti-based MGs suitable for replacing
conventional Ti alloys in aerospace applications [4-6]. Furthermore, Ti-based MGs that are free from
non-biocompatible elements (e.g., Ni or Be) have the potential to be used for medical implants [6-12].
Similar to other types of MGs, the intrinsic low ductility of Ti-based MGs at room temperature
limits their applications. In general, under uniaxial tension at room temperature, deformation of
MGs is mostly elastic with limited macroscopic plastic strain followed by catastrophic failure [13,
14]. Rapid propagation of shear bands (regions of highly localized strain) under unconstrained
conditions is the mechanism responsible for the abrupt brittle fracture of MGs [15,16]. It has been
demonstrated that shear band initiation and propagation in MGs can be influenced by the presence
of discontinuous crystalline phases within the amorphous matrix [17]. Therefore, techniques such
as controlled solidification, annealing, and ion irradiation may be used to modify the mechanical
response of MGs by creating MG-matrix composites containing one or more discontinuous crystalline
phases. Numerous reports on Ti-based MG-matrix composites created by in situ precipitation of
crystalline phases (typically in the form of dendrites) during solidification [10,18-31] and annealing [6,

11,32, 33] have appeared. However, investigations of such composites produced by ion irradiation



have been limited [34,35]. Additionally, details of the crystallization mechanisms and the subsequent

effects on mechanical properties have remained poorly understood to this date.

1.2 Objectives

The present study is a part of a collaborative research project between Oklahoma State Univer-
sity (OSU) and Texas A&M University (TAMU), and has been supported by the National Science
Foundation (NSF) through grant numbers CMMI-1130606 (OSU) and CMMI-1130589 (TAMU).
The goal of this research is to shed light on the details of ion irradiation-induced crystallization in
MGs and to investigate the changes in mechanical properties due to nanocrystal formation. The
principal objectives of the study are to (1) determine the response of MGs to ion irradiation by in-
vestigating the microstructural evolution, (2) identify the details of the crystallization process, and
(3) determine the influence of ion irradiation on mechanical properties by measuring and comparing
the mechanical response of as-received and irradiated specimens.

A variety of characterization techniques has been utilized to achieve these objectives. In order
to determine microstructural evolution after irradiation, X-ray diffraction (XRD) and transmission
electron microscopy (TEM) have been used. Effects of ion irradiation on mechanical response have
been studied by nanoindentation experiments using two indenter geometries: spherical and pyra-
midal with a triangular base (Berkovich). The spherical indenter is used to study serrated plastic
flow during loading and evaluate the potential energy barrier for shear band initiation, and the
Berkovich indenter is used to obtain elastic modulus and hardness. To better understand the defor-
mation mechanisms and observe evidence of shear band activity after nanoindentation experiments,
the area around the impressions made by the Berkovich indenter was studied by an in situ scanning
probe microscope (SPM) and/or an ex situ atomic force microscope (AFM).

By providing a better understanding of the mechanisms responsible for crystallization and de-
termining the effects of irradiation-induced crystallization on mechanical response, this study seeks
to expand the application of MGs and provide a reliable method to produce ductile MGs specimens.
Additionally, understanding the irradiation response of MGs is beneficial for developing materials

that need to withstand irradiation under harsh conditions.



CHAPTER 11

BACKGROUND

2.1 History and Development

Prior to 1960, except for thin films deposited at very low temperatures [36,37], there had been no re-
ports on fabrication of metals or alloys in an amorphous state. The first MG was synthesized in 1960
by rapid quenching of a Au-Si alloy from ~1300 °C to room temperature [38]. Since the synthesis of
the first MG, there has been considerable effort to decrease the critical cooling rate required to by-
pass crystallization and thus increase the critical casting thickness/diameter of these materials [39].
In 1969, Chen and Turnbull developed MGs with thicknesses greater than 1 mm from Pd-Au-Si,
Pd-Ag-Si, and Pd-Cu-Si ternary systems [40]. In 1974, systematic investigations of Chen on Pd-Si-,
Pd-P-, and Pt-P-based MGs led to the fabrication of spheres with diameters of 1 - 3 mm [41]. Turn-
bull et al. [42,43] produced glassy spheres of Pd-Ni-P MG with diameters of 5 and 10 mm in 1982
and 1984, respectively, which are considered by many as the first bulk metallic glasses (BMG) to
be developed. In 1993, Peker and Johnson developed a Zr,; 5Ti;5 sCuyy 5Nij oBegs 5 rod specimen
with a diameter of 14 mm and a critical cooling rate of the order of 10 K/s [44], which was known
as Vitreloy 1 and was the first commercial BMG. Fabrication of Vitreloy 1 along with the works of
Inoue’s group, which discovered new MGs with thicknesses of up to 80 mm [45,46], are considered
as the starting point for using MGs in structural applications. Additive manufacturing has recently
received attention as a versatile processing technique that enables fabrication of freeform and large
MG components [47-49]. The availability of bulk specimens has facilitated the ability to measure
various physical and mechanical properties that were previously impossible and has revived interest

in this class of materials.



2.2 Properties and Applications

Because of their amorphous structure and lack of microstructural defects such as dislocations and
grain boundaries, MGs offer desirable properties including high resistance to corrosion, oxidation,
and wear, high yield strength, large yield strains, and high hardness. Such desirable properties make
MGs suitable for replacing conventional alloys in various applications, some of which are discussed
below.

Compared to crystalline alloys with similar compositions, MGs have slightly lower densities (p),
similar elastic moduli (E), larger yield strains (~2%), and higher yield strengths (o,) at room
temperature [17]. As a result, they posses superior specific strength (o,/p) and modulus of re-
silience (0,2/2E). A combination of desirable mechanical properties and high hardness make MGs
suitable for spring materials, golf club heads, tennis racket frames, spacecraft debris shields, and
shot-peening balls [39,50,51]. MGs have also found applications as pressure sensors because of their
desirable mechanical properties and high corrosion resistance [52]. In addition to their desirable
properties, MGs have excellent formability on micron scales and can be used for fabrication of mi-
crogears with applications in micropumps, micromotors, and robotics [53-55]. Parts made from MGs
can be molded with an excellent surface finish without machining. This makes MGs suitable for low
cost mirrors or mirror assemblies [56]. Certain types of MGs (Fe- and Co-based) exhibit desirable
soft magnetic properties and can be used as soft magnets and magnetic cores [13,51,57]. MGs can
also be used for tools/tool coatings because of their low coefficient of friction, high hardness, and high
corrosion and wear resistance [51]. Ti-based MGs, which are investigated in this study, are suitable
for aerospace applications and biomedical components such as prosthetic implants and surgical in-
struments [8]. Other applications of MGs include data storage media, cellphone cases, printer parts,
accelerator radio-frequency cavities, and micro-electro-mechanical systems (MEMS) [11,13,51,58].
Despite many existing and potential applications, the widespread use of MGs has been hindered
mainly because of their tendency for shear localization and brittle fracture at room temperature.
Exploring techniques to improve the ductility of MGs, requires an understanding of their atomic

structure and deformation mechanisms. These concepts are discussed in the following sections.

2.3 Atomic Structure

If a liquid cools down faster than a critical cooling rate, crystallization is suppressed and the liquid

continues to remain in the liquid state (a supercooled liquid) even below its melting temperature.



Atomic movements in a liquid strongly depend on temperature; atoms move rapidly at high tem-
peratures and become slower as the temperature decreases. Below a certain temperature, atomic
movements become so sluggish that the structure appears to be frozen, i.e., kinetic arrest occurs.
This temperature is known as the glass transition temperature (7,) and the product is an amorphous
phase with higher volume (implying a lower density), viscosity, energy, and entropy compared to
the crystalline phase [13,59]. If the amorphous phase is annealed at a temperature below the glass
transition temperature, structural relaxation occurs and the volume decreases [13].

Due to the amorphous structure of MGs, traditional concepts describing the structure of crys-
talline materials are no longer applicable and new concepts must be used instead. The most fre-
quently used concept in describing the structure of MGs is free volume, defined as the space between
atoms. The success of Cohen and Turnbull in quantifying free volume [59—61] made the concept
widely popular and it was later used to explain various properties of MGs including atomic trans-
port and deformation [13,17,62-64]. Free volume originated from the model of dense random
packing (DRP) of hard spheres [65]. According to the DRP model, an amorphous structure is con-
sidered as a random arrangement of atoms modeled as hard spheres [62,66]. Packing limitations
caused by geometrical constraints lead to formation of free volume inside the material [64]. In this
structure, each atom is confined within a cage of neighboring atoms and is unable to move unless
free volume happens to exist next to it, as shown schematically in Fig. 2.1 [13].

The DRP model provides a reasonable description of monoatomic glasses and there has been
considerable effort to propose a modified version of it that holds for polyatomic glasses [67-69].
Despite these efforts, many details of the structure of MGs still cannot be explained by DRP-based
models. The most important reason is that metallic atoms can be squeezed together at some energy
cost and thus cannot be considered as ideal hard spheres. As a result, the validity of the free
volume concept for MGs was questioned from the beginning. Other concepts (e.g., local topological
fluctuations) have also been proposed and applied to explain the structure of MGs. However, none
of these concepts are as popular as free volume and the problem of precisely describing the structure

of MGs is still an ongoing discussion [13].

2.4 Deformation Mechanisms

Although the exact nature of atomic structure in MGs is not fully resolved, it has been widely
accepted that the fundamental process underlying the deformation must be a local rearrangement of

atoms to accommodate shear strain [13,17,62,70,71]. At the atomic level, a local rearrangement in



Figure 2.1: Schematic illustration of free volume [13].

neighboring atoms can take place through disruption and formation of local atomic bonds. Since the
atomic bonds of MGs are metallic, there is no concern about the rigidity of the bond angles or the
balance of charges [17]. The local rearrangement of atoms is usually described by two mechanisms:
diffusive atomic jump and shear transformation zone (STZ).

The diffusive atomic jump mechanism is based on the free volume concept and was applied to
the deformation of MGs by Spaepen [72]. According to this mechanism, deformation is described as
a series of discrete diffusion-like atomic jumps into neighboring free volume, as shown schematically
in Fig. 2.2. It is evident that the atomic jumps are more likely to take place near regions of high
free volume. Spaepen assumed that atoms are in positions of relative stability, i.e., local free energy
minima, before and after the jump and some activation energy of motion must be supplied for the
atomic jump to take place. In the absence of external forces, the activation energy is supplied by
thermal fluctuations of atoms and the number of jumps across the activation barrier is the same in
forward and backward directions. When external forces are present, e.g., a shear stress is applied,
the atomic jumps are biased in the direction of the applied force. In this scenario, the number of
forward jumps across the activation barrier is larger than the number of backward jumps, which

results in a net forward flux of atoms and forms the basic mechanism for flow [72].
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Figure 2.2: Schematic illustration of a diffusive atomic jump [17].

Shortly after the introduction of the diffusive atomic jump mechanism, Argon [73] proposed the
STZ mechanism for deformation of MGs. The STZs, shown schematically in Fig. 2.3(a), are narrow

disk shaped clusters of closely packed atoms that undergo shear distortion to accommodate the



applied shear strain. As shown in Fig. 2.3(b), deformation through STZs can also be envisioned
by treating the amorphous structure as an elastic continuum, where atoms are substituted by a
continuum mesh [70]. Similar to the diffusive atomic jumps, formation of STZs requires atoms to
cross a state of atomic configuration with high energy in order to transport from one relatively
low energy atomic configuration to another [17,62]. Therefore, STZs are transient states of atomic
configurations and cannot be considered as structural defects in the way that a dislocation is a crystal
defect. However, operation of STZs is strongly influenced by local atomic arrangements, where
regions of relatively loosely packed atoms (i.e., regions with higher free volume) would more readily
accommodate local shear strain. Computational simulations predicted that STZs are composed of
a few to ~100 atoms and also suggested that STZs are common to the deformation of all MGs [17].
Once STZs are formed, they produce a localized distortion in the surrounding material which leads

to the formation of larger planar bands of STZs having a width of 10 - 20 nm, known as shear

bands [13].
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Figure 2.3: Schematic illustration of deformation via an STZ (left) before and (right)

after shear deformation [70, 74].

Deformation of MGs at the atomic level is better modeled by the STZ mechanism than diffusive
atomic jump [70]. However, both mechanisms are thermally activated and a transient state of
dilatation is necessary for their operation. In addition, both mechanisms are typically accompanied
by a semi-permanent increase in free volume after operation (flow dilatation). Since more atoms
are redistributed during formation of STZs, the activation energy for operation of an STZ (20 -

120kT,, where k is the Boltzmann constant) is higher than that required for an atomic jump into



the neighboring free volume (15 - 25kT}) [17]. Both mechanisms introduce state variables, such as
stress, temperature, and local structural parameters (free volume), to the problem of deformation of
MGs and allow constitutive laws to be developed, for example on the basis of competition between
creation and annihilation of free volume [17,70].

Unlike crystalline metals, in MGs only a single mechanism is sufficient to explain various defor-
mation modes. At high temperatures (0.67, - T,), MGs deform homogeneously with significant plas-
ticity. As the temperature decreases, MGs exhibit inhomogeneous deformation that is accompanied
by very limited ductility and sudden fracture. The temperature at which the deformation behavior
changes from homogeneous to inhomogeneous (ductile to brittle transition) is strongly dependent on
the applied strain rate [13,62]. Although the macroscopic response of MGs is quite different during
homogeneous and inhomogeneous deformation, a single mechanism (either the diffusive atomic jump
or STZ) can be used to explain the deformation behavior. Homogeneous deformation is the result of
the occurrence of diffusive atomic jumps and /or STZs throughout the entire volume of the material.
Whereas, during inhomogeneous deformation atomic rearrangements are limited to localized volume

elements of the material [17].

2.5 Elastic Deformation

The bulk modulus and shear modulus of MGs are typically smaller than crystalline alloys of sim-
ilar compositions. For crystalline alloys, the bulk modulus decreases with increasing equilibrium
separation between atoms [75]. MGs are 0.5 - 2.0% less dense than their crystalline counterparts.
Therefore, on average the interatomic spacings in MGs are larger than crystalline alloys. Assuming
a similar short-range order and cohesive forces for the amorphous and crystalline structures, the
difference in interatomic spacing adequately explains the difference in bulk modulus. Differences in
the shear modulus of MGs and crystalline alloys are too large (25 - 30%) to be explained on the basis
of larger interatomic spacings alone. The discrepancy is believed to be a result of anisotropy on the
atomic scale. Although MGs are macroscopically considered to be isotropic, local topology of their
atomic bonds is not identical in every atomic environment and it is probable to find regions with
unstable local topology. As a result, shear stress may lead to not only elastic atomic displacements
but also to a local reshuffling of atoms via an exchange of the atomic bonds, shown schematically in
Fig. 2.4. The atomic bond exchange, which is also known as anelastic operation of STZs, becomes
activated even at small shear strains and as a result shear deformation of MGs is inherently anelastic

at any stress level, even if the macroscopic response appears to be elastic [13,17,64].
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Figure 2.4: Schematic illustration of an atomic bond exchange where in (left) the bond

D-C breaks and in (right) the bond A-B is formed [13].

2.6 Yield Criterion

An important characteristic of the yield criteria of ductile crystalline alloys is their symmetry,
predicting yield stresses of equal magnitude in tension and compression. In contrast, MGs have
demonstrated asymmetric yield behavior in several studies. For example, Mukai et al. [76] reported
different shear-off angles for a Pd,yNi,,P,, MG under tension and compression (see Fig. 2.5). In
another study, Zhang et al. [77] also reported a different shear-off angle as well as different yield
stresses for a Zr.qCuy,Al,(NigTi; MG under tension and compression. Donovan [78] suggested that
MGs obey the Mohr-Coulomb yield criterion, where shear yield stress (7,,) depends not only on the

applied shear stress, but also on the stress normal to the shear displacement plane (o, ):

where « is a system-specific coefficient that controls the strength of the normal stress effect [13,64,78].

This was further confirmed by the atomistic calculations of Schuh and Lund [79].

2.7 Plastic Deformation

Macroscopic plastic deformation of MGs is a biased accumulation of local strains accommodated
through the operation of diffusive atomic jumps and/or STZs and the redistribution of free volume.
Depending on the temperature and the applied strain rate, local atomic rearrangements can be dis-
tributed homogeneously or inhomogeneously [17]. Homogeneous plastic flow of MGs is described as
viscous flow of a supercooled liquid, and is typically observed at elevated temperatures. Homoge-

nous flow is accommodated via structural disordering and reordering events, where local diffusive
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Figure 2.5: A side view of the Pd,,Ni,,P,, MG fractured in (a) tension and (b) com-

pression [76].

atomic jumps and/or STZs lead to flow dilatation and creation of free volume and the relaxation
process leads to annihilation of free volume. If the creation and annihilation of free volume reach
a balance, steady-state homogeneous flow will be observed. Otherwise, the net gain or loss of free
volume would not be zero and homogenous flow would no longer be steady-state [17].
Inhomogeneous deformation of MGs is described via the localized flow of the material within
shear bands [17,64], and is typically observed at lower temperatures. Shear band formation is
generally recognized as a consequence of strain softening due to the local creation of free volume
(flow dilatation) and heat generation inside the shear bands [17]. Yang et al. [80] reported that
the temperature inside the shear bands is close to the glass transition temperature of the MG. It is
known that the viscosity of MGs decreases rapidly once the temperature is near the glass transition
temperature. As a result, the material within a shear band behaves like a liquid layer of reduced
viscosity and its strain rate becomes much higher than the surrounding matrix. Therefore, the strain
in the shear band increases rapidly, which leads to rapid propagation of the shear band and abrupt

failure [13,17,62].
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2.8 Pursuit of Ductility

It is commonly believed that fracture initiates when the shear strain on a particular shear band
reaches a critical value, which depends on the composition and loading condition. If shear band
propagation is not constrained in some manner, plastic strain accumulates on one dominant shear
band and reaches the critical value, while the strain on any other shear band is still relatively
small. Therefore, fracture occurs with limited macroscopic plastic strain and the ductility of MGs is
essentially zero. However, if it were possible to distribute the applied strain over many shear bands,
instead of a few dominant ones, and limit shear band propagation, the onset of fracture might be
delayed and significant macroscopic plastic strain could be realized.

One approach to constrain shear band propagation is to introduce one or more discontinuous
crystalline phases inside the amorphous matrix of the MG [17]. Several groups have reported im-
provements in mechanical properties of MG-matrix composites compared to fully amorphous MGs.
For example, a Ti-Zr-based MG-matrix composite with a tensile ductility of about 10% and yield
strength of 1.2 - 1.5 GPa at room temperature was produced by Hofmann et al. [14] via formation
of a body centered cubic (bcc) crystalline phase inside the amorphous matrix. In another study,
the Charpy fracture toughness of Vitreloy 1 was improved by a factor of 2.5 after introduction
of bee Zr-Ti dendrites into the amorphous matrix. A fracture strain of 8.3% in compression and
5.5% in tension was also reported for the MG-matrix composite in the same study [81]. Fan et
al. [82] also reported a 1.1% increase in plastic strain during compression experiments on a Zr-based
MG containing 2.0 - 2.5 nm diameter nanocrystals. A number of recent studies reported enhance-
ments in the fracture strength and strain of Ti-based MG-matrix composites containing in situ
bee dendrites under quasi-static and dynamic compressive loads [18,19,21]. Stress-induced marten-
sitic transformation of the dendrites from bcc to an orthorhombic crystalline phase was reported to
further improve the mechanical properties and lead to significant strain hardening of the Ti-based

MG-matrix composites [21].

2.8.1 Partial Crystallization by Ion Irradiation

The two goals of making a MG-matrix composite are to promote initiation of a large number of
shear bands (to distribute the macroscopic plastic strain over as large a volume as possible) and
to inhibit shear band propagation (to reduce the shear strain on any one band and thus delay
fracture) [17]. Enhancement in the mechanical properties of MG-matrix composites is dependent

on the size, distribution, and strength of the crystalline phase [13,83]. Therefore, it is necessary
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to determine and control the mechanisms governing the nucleation and growth of the nanocrystals.
Ton irradiation has been one of the techniques used for the production of partially crystallized MG-
matrix composites since it has the ability to enable the nucleation of crystals but minimize their
growth [84-89].

During ion irradiation, the energy of the ions is transferred to the electrons and nuclei of target
atoms (i.e., electronic and nuclear collisions). This transfer of energy results in a number of different
processes shown schematically in Fig. 2.6. Collision of energetic ions with electrons results in ioniza-
tion, emission of electrons, and electromagnetic radiation. Upon nuclear collisions, target atoms will
be knocked out of their original sites if the transferred energy is larger than a critical value, known
as the displacement energy. If the primary knock-on atoms have sufficient energy, they in turn
displace more target atoms. Continuation of this process leads to the formation of a localized region
with a high density of displaced atoms and excess free volume, referred to as a damage cascade.
At some point, moving atoms do not have enough energy to create further displacements and the
remaining energy is lost via lattice vibrations and localized heating. This period of lattice heating
is referred to as a thermal spike and may exist for several picoseconds before quenching to room
temperature [90,91]. Nuclear collisions are the predominant mechanism of energy deposition when
the target is bombarded with low energy ions possessing high atomic number. Whereas, electronic
collisions are more likely for a high energy ion with low atomic number [90].

The buildup of irradiation-induced defects is capable of raising the free energy of the system
to a point where transformation to another phase is thermodynamically favorable [90]. In the case
of MGs, the creation of excess free volume leads to enhanced atomic mobility inside the damage
cascades and may induce crystallization [85,86]. Despite the fact that the temperature rise (inside
the cascades) is high enough to cause localized melting, the quenching process occurs much faster
than the critical cooling rate required for the formation of MGs. Therefore, irradiation-induced
crystallization is not a direct consequence of localized heating [86,92]. However, the local temperature

rise may still lead to structural relaxations [86].
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Figure 2.6: Schematic illustration of a damage cascade generated by a 30 keV Ga™ ion
incident on a crystal lattice, showing the damage created in a volume with the projected

ion range of R, and lateral range of R; [91].
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CHAPTER III

EXPERIMENTAL DETAILS

3.1 Fabrication of Specimens

Ti-based MG specimens with a nominal composition of Ti,,Cus,_,Pd,,Zr,,Sn,Si, (at.%), where
x = 2, 3, and 5, were used in this study. The specimens, in the shape of ribbons with a thickness
of ~30 um and a width of ~2 mm, were fabricated at Tohoku University in Japan. To prepare the
master ingots, a mixture of Ti, Cu, Pd, Zr, Sn, and Si with purities of 99.9% or more by mass was
melted in an argon atmosphere purified using a titanium getter. Rapidly solidified ribbons were
then fabricated by the melt spinning process, shown schematically in Fig. 3.1, where the master
ingots were remelted in quartz tubes and then ejected with an over pressure of 35 kPa through a
nozzle onto a rotating copper roll in an argon atmosphere. The copper wheel was cooled internally
and rotated with a surface velocity of 40 m/s to provide the cooling rate required for fabrication of

amorphous specimens.

3.2 Annealing

According to the potential energy landscape model, transition of a supercooled liquid to a glass
corresponds to trapping the structural configuration in a local minimum state of potential energy [94].
An ideal glass represents a metastable state with the lowest potential energy for the amorphous phase,
whereas the crystalline state represents the stable equilibrium state. Physical properties of an ideal
glass are the same as those of the supercooled liquid extrapolated to the working temperature. In
practice, the potential energy of a glass deviates from that of an ideal glass by a certain degree that

depends on thermal history. Annealing a glass at a temperature high enough for atomic motion, but
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Figure 3.1: Schematic illustration of the melt spinning process [93].

insufficient for crystallization (below the glass transition temperature) results in traversing a series of
lower energy states within the potential energy landscape. This process allows a transition towards
the ideal glass at a constant temperature and is commonly referred to as structural relaxation [17].
Annealing-induced structural relaxation is accompanied by variations in free volume content and
short/medium range atomic order and thus may alter the physical and mechanical properties of
MGs [13,94-96].

To study the effects of annealing, two as-spun Ti,,Cus,Pd;,Zr,(Sn,Si, specimens were isother-
mally annealed inside a vacuum chamber at TAMU. A glass transition temperature of 430 °C and
onset of crystallization temperature of 510 °C have been reported for this alloy [97]. One specimen
was annealed at 300 °C (~0.707,) and the other at 400 °C (~0.93T}), for 4 h. The vacuum pressure
remained below 1 x 1076 Torr during annealing except for ~10 min during the initial heating, when
outgassing raised the vacuum pressure to 1 x 1075 Torr. A single cartridge heater was used as the
heating source and the power was controlled through a variable transformer. A thermocouple was
used to monitor the temperature and ensure that it stayed within £ 5 °C of the desired temperature
during the annealing process. After annealing, the specimens remained under vacuum for ~3 h to

cool down to room temperature.
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3.3 Ion Irradiation

Ton irradiation was performed at TAMU using a 1.7 MV General Ionex Tandem accelerator. A set of
magnetic scanning coils was used to raster scan the ion beam over the specimen to ensure a uniform
irradiated area. Three studies were performed to investigate the effects of irradiation fluence and
temperature on the structure and mechanical response of the specimens. In the first study, irradiation
was performed at room temperature over a range of fluences to study the effects of irradiation
fluence. For the second study, irradiation was performed at elevated temperatures to study the
effects of concurrent annealing and irradiation. Finally, the findings of the first two studies were
used to design a two-step irradiation process in an attempt to achieve a controllable crystallization
behavior. Details of the irradiations performed in each study are described in Sections 3.3.1 - 3.3.5.
For each study, the simulated depth profiles of implanted ion concentration and irradiation damage
were calculated with Stopping and Range of Tons in Matter (SRIM)-2008 using the ion distribution
and quick calculation of damage option [98]. Considering that SRIM only takes into account ion-solid
collisions, thermal effects (e.g., annealing-induced atomic diffusion or free volume annihilation) do
not have any influence on the simulated depth profiles of implanted ion concentration and irradiation

damage [98].

3.3.1 Ion Irradiation at Room Temperature

Ton irradiation leads to the formation of damage cascades (i.e., localized regions with a high density
of displaced atoms) inside which a majority of atoms are in temporary motion. At lower fluences,
the damage cascades are spatially separated from each other, as shown in Fig. 3.2(a). Therefore,
the volume of the disordered region is determined primarily by the stopping point of the ion and
the range of the displaced atoms (see Fig. 3.2(b)). As irradiation fluence increases, damage cascades
overlap and form a continuous region of displaced atoms (see Fig. 3.2(c)). In other words, at higher
fluences volume of the disordered region becomes larger. Such high volume of disordered atoms
along with localized heating caused by lattice vibrations may raise the free energy of the system to a
point where transformation to another phase is thermodynamically favorable [90]. To investigate the
effects of fluence on the structure and mechanical response of MGs, as-spun Ti,,Cug,Pd; 4 Z1,,51n55i,
specimens were irradiated with 4 MeV Fe?T ions at 25 °C using a fluence of 1 x 10'2, 1 x 103,
1 x 10, and 1 x 10'® ions/cm?. The Fe?* ion beam is one of the most commonly used beams in
the Tandem accelerator. An ion energy of 4 MeV was selected to minimize the near-surface doping

effects and to ensure that the irradiation-induced damaged layer can be conveniently probed during
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the characterization of microstructure and mechanical properties.
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Figure 3.2: Schematic illustration of the disorder produced during room temperature ion

irradiation using (a) and (b) low and (c) high fluences [90].

3.3.2 Ion Irradiation at Elevated Temperature - Below the Glass Transi-

tion Temperature

To investigate the effects of concurrent annealing and irradiation, as-spun Ti,,Cus,Pd;,Zr;;Sn,5i,
specimens were irradiated with 4 MeV Fe?t ions at 25, 100, 200, and 300 °C using a fluence
of 1 x 10 ions/cm?. A glass transition temperature of 430 °C and onset of crystallization
temperature of 510 °C have been reported for this alloy [99]. During irradiation, the specimens
were glued from both ends to a filament-heated stage, to which a thermocouple was mechanically
attached for temperature monitoring. The temperature readings were used to adjust the filament

current for automatic temperature control.

3.3.3 Ion Irradiation at Elevated Temperature - Below and Above the

Glass Transition Temperature

Studies performed in Section 3.3.2 showed no evidence of crystallization when ion irradiation was

performed below the glass transition temperature. To further investigate the possibility of creating a
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MG-matrix composite through concurrent annealing and irradiation, as-spun Ti,,Cus, Pd;,Zr,(Sn,Sis
specimens were irradiated with 3.5 MeV Cu?* ions at 100, 200, 250, 300, 390, and 480 °C using a
fluence of 1 x 1016 ions/cm?. A glass transition temperature of 440 °C and onset of crystallization
temperature of 490 °C have been reported for this alloy [99]. Irradiations were performed under
vacuum at a pressure of 1076 Torr and the temperature was monitored in the same manner explained
in Section 3.3.2. The Cu?* ion beam was selected for this study (instead of the Fe?* ion beam used
in previous studies to minimize changes in chemical composition caused by ion implantation. All

future irradiations were also performed using the Cu?* ion beam.

3.3.4 Ion Irradiation at Elevated Temperature Followed by Ion Irradia-

tion at Room Temperature

Studies performed in Sections 3.3.1 - 3.3.3 demonstrated the difficulty of achieving a controllable
crystallization behavior through a single step irradiation. No crystallization was observed when
specimens were subjected to ion irradiation at room temperature (regardless of the fluence used). For
specimens irradiated at elevated temperature it was found that there is a critical temperature below
which the specimens remained amorphous. When irradiation was performed at temperatures higher
than the critical temperature, the specimens crystallized to depths beyond the range of the implanted
ions. Several studies have reported the possibility of amorphization of a crystalline structure by
means of ion or electron irradiation [100-105]. More importantly, electron-induced crystallization
and re-amorphization has been reported as a viable path for achieving a controllable crystallization
behavior [106,107]. Therefore, a two-step irradiation was designed to investigate the possibility of
achieving a controllable crystallization behavior through crystallization and re-amorphization. For
this study, as-spun Ti,,Cug,Pd;,Zr;,Sn,Si; specimens were irradiated with 3.5 MeV Cu®* ions at
300 °C using a fluence of 1 x 106 ions/cm? to induce crystallization. Subsequently, the crystallized
specimen was irradiated again with 3.5 MeV Cu?* ions at 25 °C using a fluence of 1 x 104, 1 x
10*°, and 1 x 10'6 ions/cm?. A glass transition temperature of 440 °C and onset of crystallization

temperature of 490 °C have been reported for this alloy [99].

3.3.5 Additional Ion Irradiation at Elevated Temperature

Studies performed in Sections 3.3.3 and 3.3.4 suggested that the microstructure of the specimens
irradiated at elevated temperature was affected by ion beam heating. This was further inves-

tigated by performing additional irradiations at elevated temperatures. For this study, as-spun
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Ti,nCuyePd, 421, Sn,Si; specimens were irradiated with 3.5 MeV Cu?* ions at 325, 385, 400, 440,
450, 460, and 480 °C using a fluence of 1 x 10*® ions/cm?. A glass transition temperature of 450 °C
and onset of crystallization temperature of 508 °C have been reported for this alloy [99]. Irradia-
tions were performed under vacuum at a pressure of 10~ Torr using an average beam intensity of
5 x 10! ions/cm?s. The ion beam had a rectangular shape of 12 x 6.5 mm? and its current was kept

below 125 nA to minimize the beam heating.

3.4 Characterization Techniques

3.4.1 X-Ray Diffraction

A Bruker-D8 Discover X-ray diffractometer (XRD) with Cu K, radiation (A=0.1540562 nm) was
used to characterize the crystallographic structure of the specimens. The XRD patterns were col-
lected using the conventional /20 scanning method. Although XRD is a non-destructive and rel-
atively convenient method for studying atomic structure, the signal to noise ratio of crystalline
phases embedded in an amorphous matrix could be low especially when the dimensions and con-
centrations of crystalline phases are smaller than a few nanometers and a few percentage by mass,
respectively [108,109]. For example, Luo et al. [85] did not observe any evidence of crystallization
in the XRD patterns of Zr-based MG specimens subjected to irradiation using 300 keV Ga™ ions.
However, selected area diffraction (SAD) patterns of the same specimens, obtained from transmis-
sion electron microscopy, revealed formation of a face centered cubic (fcc) crystalline phase with an
average diameter of 5 nm after ion irradiation. The discrepancy between the XRD and SAD results

have been attributed to the low concentration of the crystalline phases.

3.4.2 Transmission Electron Microscopy

The microstructure of the specimens was examined by a 200 kV Technai F20 transmission electron
microscope (TEM). Cross-sectional TEM specimens were prepared using a Tescan LYRA-3 focused-
ion-beam (FIB). A 30 keV Ga beam was first used to thin the specimens to a few microns and then
a b keV Ga beam was used to further reduce the thickness to 100 nm. Finally, the specimens were

polished using a 2 keV Ga beam to remove beam damage.
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Figure 3.3: A typical force vs. penetration depth curve obtained for the as-spun

Ti, CugyPd, 4 Zr,,Sn,Siy specimen using a Berkovich indenter.

3.4.3 Nanoindentation

Mechanical response of the specimens was studied by nanoindentation experiments performed with
a force-controlled Hysitron nanoindenter. The specimens were mounted on glass slides using instant
adhesive to provide a flat surface required for nanoindentation. During nanoindentation experiments,
the applied force and the resulting penetration depth of an indenter throughout a complete loading-
unloading cycle are continuously recorded. The recorded data is then plotted as a test force (F')
vs. penetration depth (h) curve, which is used to obtain the elastic modulus (E) and hardness
(H) of the specimens, without the need to measure the size of the residual impressions. Elastic
modulus of a material is a measure of the strength of its atomic bonds. For crystalline and inorganic
amorphous materials, elastic modulus is related to the external force required to elastically compress
or extend the interatomic spacings in opposition to the internal forces that seek to maintain an
equilibrium (undistorted) interatomic spacing [75]. Hardness of a material is generally defined as
its resistance to plastic deformation in the form of indentation, scratch, or wear. Hardness is not
a fundamental material property because, for example, resistance to indentation depends on the
shape of the indenter and the applied force. However, hardness testing is equivalent to performing
a compression test on a small volume of a material. According to Tabor’s relationship, hardness of

a material is proportional to its yield strength (o) by:
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H = coy (I11.1)

where ¢ is a proportionality constant. Theoretical studies, based on plane strain slip-line analysis
of a smooth flat punch indenter penetrating into the surface of a semi-infinite body, have shown
that for a perfectly plastic material the magnitude of ¢ is ~3 [110,111]. Experimental data have
demonstrated that this is a reasonable approximation for MGs as well [112].

Figure 3.3 shows a typical force vs. penetration depth curve obtained for the as-spun Ti,,Cug,Pd,,
Zr,,Sn,5i, specimen at a maximum force of 10 mN using a Berkovich indenter. According to the
method of Oliver and Pharr [113], the unloading data can be described by a power law relation

shown below:

F=K(h—hy)™ (I11.2)

where h,, is the permanent penetration depth after the removal of the test force. The constants K,
m, and h), are all determined by a least square fitting procedure. The initial unloading slope is then
found by analytically differentiating Eq. II1.2 with respect to h and evaluating the derivative at the

maximum penetration depth (Apa.):

_dF

7

(I11.3)

max

where S is the stiffness. Measuring the stiffness allows for the determination of reduced elastic

modulus (E,) by:

E, = g (IT1.4)

B
]

where A, is the projected area of the contact (i.e., contact area) between the indenter and the
specimen. The reduced elastic modulus, defined by 1/E, = [(1 — v?)/E] + [(1 — v/?)/E;], takes into
account the fact that elastic deformation occurs in both the specimen, with elastic modulus of E
and Poissons ratio of v, and the indenter, with elastic constants of F; and ;. Hardness of the
specimen can also be determined through the knowledge of the projected area of the contact and

the maximum force applied to the specimen (F},4;) using the following equation:

(I1L.5)

To obtain hardness and reduced elastic modulus, it is necessary to determine the projected

area of the contact between the indenter and the specimen. The projected area of contact, shown
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Figure 3.4: Schematic illustration of the projected area of contact for a conical inden-

ter [114].

schematically in Fig. 3.4 for a conical indenter, is determined through knowledge of the area function
of the indenter and the depth over which the indenter and specimen are in contact (i.e., contact

depth, h.). For pyramidal, conical, and spherical indenters, the contact depth is calculated by:

Fmaa:

hc:hmaw_ .
0.75 5

(I11.6)

The area function of the indenter is a function that relates its cross-sectional area to the distance

from its tip:

Ay = flhe) = C1h? + Cahe + C3h/? + Cyh/* + C1hL/® (ITL.7)

where C7, Cs, ... , and C5 are constants obtained from calibration. The lead term in Eq. IIL.7
describes a perfect indenter geometry and the remainder of the terms describe deviations from the
ideal geometry due to rounding or blunting at the apex of the tip. It should also be noted that raw
penetration depths recorded during the test are the sum of the displacements in the specimen and
the load frame. Therefore, it is essential to account for the load frame compliance (C). Using the
method suggested by Oliver and Pharr [113], both the area function of the indenter and load frame
compliance can be simultaneously determined by making a series of indentations in two materials
with known mechanical properties (usually fused silica and tungsten). According to this method,
the load frame and specimen are considered as two springs in series. Therefore, the total measured

compliance is the sum of the compliance of the specimen (Cs) and load frame:

C=Co+C (IIL8)

Since the compliance of the specimen during an elastic contact is given by the inverse of the contact
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stiffness, Egs. I11.4 and III.8 combine to yield:

c=Y _—_+¢ (11L.9)

According to Eq. IIL.9, a plot of C vs. 1/,/A, is linear for a given material and the y-intercept
is a direct measure of the load frame compliance. Once the load frame compliance is determined,
contact area is computed for all the indentations performed in the reference specimen by using the
following equation:

w1 1

The projected areas of contact obtained from Eq. III.10 are then plotted as a function of contact
depth. The area function, in the form of Eq. II1.7, is then determined by fitting the projected area
of contact vs. contact depth plot.

To measure the reduced elastic modulus and hardness of the specimens, a diamond Berkovich
indenter was used for the indentations. The force vs. penetration depth curves of MGs typically
show multiple serrations during the loading portion of the curve, similar to those visible in Fig. 3.3.
Each serration represents a sudden increase in the penetration depth of the indenter at a relatively
constant force. These serrations, also known as displacement bursts or pop-ins, have been attributed
to activation of individual shear bands during deformation [13,17,62]. Therefore, the initial displace-
ment burst has been associated with the onset of plastic deformation in MGs [115,116]. To study
the initial displacement burst, a clear transition between the elastic and plastic regions of the force
vs. penetration depth curves is required. Although displacement bursts were observed in the force
vs. penetration depth curves obtained from indentations with a Berkovich indenter, most were not
sharp and horizontal, i.e., not clearly defined. This is mainly due to the rapid stress rise under the
relatively sharp Berkovich indenter, which leads to plastic deformation even at shallow penetration
depths. However, if a spherical indenter is used for indentations, the stress rise under the inden-
ter is more gradual and as a result the elastic deformation region extends to a greater penetration
depth [116]. Moreover, it has been reported that a slower loading rate can accentuate the displace-
ment bursts [17,117]. Therefore, another set of nanoindentation experiments was performed on the
specimens using a spherical indenter with an estimated radius (R;) of ~1 pym and a loading rate
slower than that used for the Berkovich indentations. Details of the loading sequence used for each
set of indentations are described in Chapter IV.

The ability of MGs to form shear bands can also be studied from the energetic point of view,
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Figure 3.5: The initial portion of a force vs. penetration depth curve obtained for the

as-spun Ti,,CugyPd;,Zr;(,S1,5i, specimen using a spherical indenter.

where the onset of plastic deformation corresponds to a critical point at which the effective potential
energy barrier for shear band initiation is equal to the energy input by the applied force. Thus,
the deformation ability of MGs is associated with the potential energy barriers for shear band ini-
tiation, where high-energy barriers are expected to hinder the initiation of shear bands and thus
lower the ductility. The potential-energy barrier for the formation of shear bands can be experimen-
tally determined by nanoindentation experiments through the concept of plastic deformation energy
(PDE), which is defined as the ratio of plastic work done by the indenter at the initial displacement
burst (W},) to the volume of material displaced during the initial displacement burst (V},). It has
been reported that MGs with higher ductility have lower values of PDE [118]. Figure 3.5 shows
the initial portion of a force vs. penetration depth curve for the as-spun Ti,,Cug,Pd;,Z1,,51055i,
specimen, where Fj; is force at initial displacement burst and Ah is the displacement of the indenter
during the initial displacement burst. To find the PDE values, the area under the initial displace-
ment burst was considered as W, and the calibrated area function of the spherical indenter and the
average contact depth of the indenter at the initial displacement burst were used to calculate V.
The obtained PDE values were used to compare the ductility of the specimens.

In addition to the PDE values, contribution of shear bands to plastic deformation can be assessed
by comparing the total amount of deformation that occurs during the displacement bursts (hgiscrete)

to residual penetration depth of the indenter after the removal of the test force (h,). If indentations
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Figure 3.6: A typical (a) force vs. penetration depth curve and (b) the corresponding
strain rates vs. penetration depth curve obtained for a Ti,,Cus,Pd, ,Z1,,Sn,Si, specimen

using a spherical indenter.

are performed using the same instrument and loading rate, differences in hgiscrete/hp represent an
intrinsic change in the plastic flow of the material, where a reduction in hgiscrete/hp suggests a
transition in plastic flow from discrete (inhomogeneous) to continuous (homogeneous). The transi-
tion towards more homogenous plastic flow in MGs can be attributed to simultaneous operation of
multiple shear bands instead of a few dominant ones [112,119]. Therefore, the hgiscrete/hp values
were used to compare the nature of plastic flow for the as-spun and irradiated specimens.

During nanoindentation with a constant loading rate, strain rate (¢) is a non-linear function of

time (¢) and is defined as [120-122]:

_ Ldn
 hodt

€

(TTL.11)

For a Tiy,CugePd; 721,510,551, specimen, Fig. 3.6 shows the force vs. penetration depth curve ob-
tained from indentations with a spherical indenter and the corresponding strain rate vs. penetration
depth curve (for 10 < h < 300 nm). For h < 10 nm, the strain rate is very large due to the singularity
of Eq. ITI.11 at A = 0. The strain rate decreases as the indentation proceeds and eventually reaches
a plateau. The strain rate vs. penetration depth curve is punctuated by multiple bursts where the
strain rate increases above the noise and remains high for a few nanometers. Each strain rate burst
in Fig. 3.6(b) represents a certain depth at which the indenter sinks quickly into the specimen and
can be correlated to a corresponding displacement burst in the force vs. penetration depth curve

shown in Fig. 3.6(a). Therefore, the strain rate vs. penetration depth curves were used, in addition
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to the force vs. penetration depth curves, to facilitate the detection of displacement bursts during

the analysis of spherical indentation results.

3.4.4 Post-Indentation Surface Topography

To better understand the deformation mechanisms at work, an examination of the area around the
indentations performed with a Berkovich indenter was undertaken using an in situ scanning probe

microscope (SPM) and/or an ex situ atomic force microscope (AFM).
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CHAPTER IV

RESULTS AND DISCUSSION

4.1 Effects of Annealing [123]

Isothermal annealing was performed on as-spun Ti,,Cus,Pd,,Zr,,Sn,Si, specimens at 300 °C (~0.70T})
and 400 °C (~0.93T;), for 4 h. During anncaling, MGs relax into their ideal glassy state, and
extended annealing results in formation of the equilibrium crystalline state. However, at tempera-
tures below the glass transition temperature, the ideal glassy and equilibrium crystalline states are
unattainable within experimental time scales. For example, Kumar et al. [94] did not observe any
signs of crystallization after annealing a Zr-based MG alloy at 0.97, for 165 h. Similarly, no crys-
tallization was expected to take place in the current study because annealing was performed below
the glass transition temperature. The mechanical response of the as-spun and annealed specimens

was studied by nanoindentation experiments.

4.1.1 Mechanical Response

Nanoindentation experiments with a Berkovich indenter were performed on the as-spun and annealed
Ti,,Cus,Pd, 4 Z1,(,Sn,Si, specimens to study the effects of annealing on reduced elastic modulus and
hardness. The loading sequence used for indentations consisted of loading to a maximum force
of 10 mN at a loading rate of 0.33 mN/s, a 60 s hold at the maximum force to allow any time
dependent plastic effects to diminish, 10 s unloading to 10% of the maximum force, a 60 s hold
at 10% of the maximum force to measure thermal drift, and a 2 s final unloading. Typical force
vs. penetration depth curves obtained from indentations with a Berkovich indenter on the as-spun
and annealed specimens are shown in Fig. 4.1. The curves show loading, hold at maximum force,

and unloading. Reduced elastic modulus and hardness of the specimens, obtained from the analysis
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Figure 4.1: Force vs. penetration depth curves obtained from indentations with a

Berkovich indenter on the as-spun and annealed Ti,,Cus,Pd;,7Zr;,5n,5i, specimens.

of the force vs. penetration depth curves, are shown in Fig. 4.2. Each data point is the average
of 10 indentations and the error bars represent plus or minus one standard deviation. A reduced
elastic modulus of 119 GPa and a hardness of 10.9 GPa were obtained for the as-spun specimen. No
reports on the Poisson’s ratio of the Ti,,Cus,Pd;,Zr,,Sn,Si, alloy is available. Fornell et al. [11]
reported a Poisson’s ratio of 0.36 for the Ti,,CussPd;,%r,, alloy. Using this value as an estimate
for the Poisson’s ratio of the as-spun specimen in the current study, the average value of reduced
elastic modulus is equivalent to an elastic modulus of 116 GPa. This value is comparable with an
elastic modulus of 119 GPa calculated from the reported stress-strain curves obtained from uniaxial
compression on cylindrical specimens made from the same alloy [97]. No report on the hardness of
the Ti,,CugyPd;,Z1,,Sn,5i, alloy is available. A comparison between the reduced elastic modulus
of the as-spun and annealed specimens showed minimum changes after annealing. A large standard
deviation was obtained for the average reduced elastic modulus of the specimen annealed at 300 °C.
Repeating the nanoindentation experiments on this specimen resulted in a similar repeatability. A
plausible explanation for this large deviation is improper mounting of the MG ribbon on the glass
slide. For both specimens, annealing resulted in ~20% increase in hardness. Similar observations
have been reported, where the hardness of MGs increased after isothermal annealing [124, 125].
It is widely accepted that structural relaxations due to annealing at temperatures below the glass
transition temperature lead to annihilation of free volume and a subsequent increase in density [124—

127]. For example, it was reported that the density of a Zr-based MG increased by ~0.1% upon
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Figure 4.2: Reduced elastic modulus and hardness of the as-spun and annealed

Ti,yCugyPd, 4 Zr,,Sn,ySiy specimens.

relaxation. For comparison, complete crystallization of the same alloy increased the density by
~0.8% [128]. Therefore, the increased hardness of the annealed specimens was attributed to the
annihilation of free volume.

To study the onset of plastic deformation, another set of nanoindentation experiments was per-
formed using a spherical indenter. The loading sequence used for these indentations was identical to
that used for the Berkovich indentations except for a loading rate of 0.03 mN/s. Figure 4.3 shows
the typical force vs. penetration depth curves obtained from indentations with a spherical indenter
on the as-spun and annealed specimens. The curves have been offset for clarity and the initial dis-
placement burst for each curve is marked with an arrow. A comparison between the serrated flow
observed in Fig. 4.3 with that in Fig. 4.1 demonstrated that displacement bursts were more clearly
defined when a spherical indenter and a slower loading rate were used. For the as-spun specimen, the
force vs. penetration depth curve up to the initial displacement burst was fit to the Hertz solution

for elastic contact of a non-rigid spherical indenter on a flat surface:

4
F = gET\/Rih?’ (IV.1)

where R; is the radius of the indenter (~1 pm) [112,116,129]. The agreement between the Hertz
solution and the experimental curve suggested that the initial displacement burst represented the
transition from purely elastic to plastic deformation (i.e., onset of plastic flow) [115,118]. To further
support this, nanoindentation experiments were performed on the as-spun specimen at forces lower
than the initial displacement burst, where the loading curve was re-traced upon unloading suggesting

an entirely elastic behavior.
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Figure 4.3: Force vs. penetration depth curves obtained from indentations with a spher-
ical indenter on the as-spun and annealed Ti,,Cus,Pd,,Zr,,Sn,Si, specimens. Arrows
mark the initial displacement burst for each curve. The prediction of the Hertz contact

solution is also shown.

The force and displacement of the indenter corresponding to the initial displacement burst (Fy
and Ah) for the as-spun and annealed specimens are summarized in Table 4.1. For 10 indentations,
the average force values along with plus or minus one standard deviation and the minimum and
maximum displacements corresponding to the initial displacement burst are reported. For the as-
spun specimen, the initial displacement burst occurred at a force of 1481 uN and led to a displacement
in the range of 1.9 - 4.4 nm. Annealing led to a systematic increase in the force at initial displacement
burst and also a larger displacement of the indenter at the onset of plasticity. Similar observations
have been reported for spherical indentations performed on a Zr-based MG, where annealing at
0.93T, was seen to increase the force corresponding to the initial displacement burst [127]. In
another study, annealing a Zr-based MG at 0.87, was reported to lead to the formation of more
clearly defined displacement bursts compared to the as-spun specimen [124]. The annealing-induced
increase in the force at initial displacement burst was attributed to the effect of free volume on the
formation of STZs. The STZs are more likely to form in regions of high free volume and create a
shear band along the critical shear stress direction [17,127]. Due to the larger amount of free volume
available in the as-spun specimen, formation of STZs and thus initiation of shear bands occurred

more readily compared to the annealed specimens. Annealing reduced the number of regions of high
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Table 4.1: Force at initial displacement burst (Fy), displacement of the indenter during
the initial displacement burst (Ah), and the PDE values for the as-spun and annealed

Ti,,Cug,Pd,,Zr,,Sn,Si, specimens.

Specimen F; (uN) Ah (nm) | PDE (1010 J/m?)

As-spun 1481 + 5% 19-44 1.08 + 4%
Annealed at 300 °C | 1966 + 13% | 1.9-5.7 1.13 £ 9%
Annealed at 400 °C | 2340 £4% | 3.9-7.2 1.18 + 3%

free volume and thus made the formation of STZs more difficult. Therefore, initiation of shear bands
was delayed [124,127].

The values of force and displacement attributed to the initial displacement burst were used to
calculate the PDE values for the as-spun and annealed specimens. The obtained PDE values are
also reported in Table 4.1. For the as-spun specimen, a PDE value of 1.08 x 10'° J/m? was obtained.
Annealing led to a slight increase in the PDE values, which can be interpreted as a reduction in
the ductility of the specimens. Embrittlement of MGs due to annealing at temperatures below the
glass transition temperature has been attributed to annihilation of free volume during structural
relaxations [94, 95,124, 126,130, 131]. Due to the higher propensity for shear band initiation in the
as-spun specimen, high stress concentration during deformation is mitigated by the relatively easy
initiation and propagation of multiple smaller shear bands. On the other hand, shear band initiation
is more difficult in the annealed specimens, which limits the plasticity and leads to localization of

stress and lowers the ductility [124].

4.2 Effects of Ion Irradiation at Room Temperature [132]

Ion irradiation at 25 °C was performed on as-spun Ti,,Cus,Pd, ,Z1r,,Sn,Si, specimens with 4 MeV
Fe?* ions using a fluence of 1 x 1012, 1 x 103, 1 x 10™, and 1 x 10'® ions/cm?. Figure 4.4 shows
the depth profiles of the implanted Fe?*t ion concentration and irradiation damage in displacements
per atom (dpa) for the specimen irradiated with a fluence of 1 x 10 ions/cm?, calculated using
SRIM [98]. A default density of 7.2 g/cm?® was used for the simulation. The concentration of
implanted Fe?* ions was negligible at depths below 0.5 ym and reached a maximum of ~0.026 at.%
around a depth of 1.5 ym. The simulation also predicted a maximum damage level of ~1.8 dpa

at a depth of ~1.3 ym. The maximum concentration of implanted Fe?" ions and damage level
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Figure 4.4: Depth profiles of implanted Fe?T ion concentration and irradiation dam-
age that resulted from irradiation with a fluence of 1 x 10'® ions/cm? in the as-spun

Ti,yCugyPd, ,Zr,,Sn,Si, specimen.

decreased linearly for specimens irradiated at lower fluences. Beyond the maxima, both the Fe?*
ion concentration and irradiation damage decreased and became negligible around a depth of 2 pm.

The structure and mechanical response of the specimens were studied by XRD and nanoindentation.

4.2.1 Microstructural Evolution

Figure 4.5 shows the XRD patterns of the as-spun and irradiated specimens, where a broad diffraction
pattern with no distinct crystalline peaks, characteristic of an amorphous phase, was observed in all
the specimens. Finite element analysis of Myers et al. [86] demonstrated that irradiation-induced
temperature rise in the core of the damage cascades can be high enough to locally melt the material.
However, the quenching rate of the melted material is on the order of 103 K/s, which is much
faster than a typical cooling rate of ~10° K/s used for fabrication of MG ribbons [123]. Therefore,

crystallization is inhibited regardless of the fluence used for irradiation.

4.2.2 Mechanical Response

Nanoindentation experiments with a Berkovich indenter were performed on the as-spun and irradi-
ated specimens to measure their reduced elastic modulus and hardness. The loading sequence used
for indentations consisted of loading to a maximum force of 10 mN at a loading rate of 0.33 mN/s, a

60 s hold at the maximum force to allow any time dependent plastic effects to diminish, 10 s unload-
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Figure 4.5: XRD patterns of the Ti,,Cug,Pd;,Zr,,Sn,5i, specimens before and after

irradiation with Fe?* ions at 25 °C using different fluences.
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Figure 4.6: Force vs. penetration depth curves obtained from indentations with a
Berkovich indenter on the Ti,,Cus,Pd;,7r;(Sn,5i, specimens before and after irradi-

ation with Fe?* ions at 25 °C using different fluences.
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Figure 4.7: Reduced elastic modulus and hardness of the Ti,,Cus,Pd;,Zr,,Sn,Si, spec-

imens before and after irradiation with Fe?t ions at 25 °C using different fluences.

ing to 10% of the maximum force, a 60 s hold at 10% of the maximum force to measure thermal drift,
and a 2 s final unloading. Figure 4.6 shows the typical force vs. penetration depth curves obtained
for the as-spun specimen and those irradiated with a fluence of 1 x 1012 and 1 x 10'® ions/cm?. The
maximum penetration depth for the indentations (~290 nm) was ~15% of the projected range of
the ions predicted by the SRIM simulations. This value is somewhat larger than the depth limit of
10% suggested for ensuring minimum influence from the material underneath the irradiated layer
on nanoindentation results [133].

Figure 4.7 shows the reduced elastic modulus and hardness of the as-spun and irradiated speci-
mens. Each data point is the average of 7 indentations and the error bars represent plus or minus
one standard deviation. A reduced elastic modulus of 118 GPa and a hardness of 9.5 GPa were
obtained for the as-spun specimen. These values are comparable to those reported in Section 4.1.1
for the same MG alloy. Ion irradiation at room temperature was seen to reduce both reduced elastic
modulus and hardness. This is consistent with a study on the effects of ion irradiation of a Zr-based
MG, where introduction of excess free volume resultant from irradiation was implicated as the cause
for the reduction in elastic modulus [63]. A similar effect of excess free volume on hardness could
also be expected.

To study the onset of plastic deformation, another set of nanoindentation experiments was per-
formed with a spherical indenter. The loading sequence used for the spherical indentations consisted
of loading to a maximum force of 10 mN at a loading rate of 0.05 mN/s, a 30 s hold at the maximum
force to allow any time dependent plastic effects to diminish, 10 s unloading to 10% of the maximum

force, a 30 s hold at 10% of the maximum force to measure thermal drift, and a 2 s final unloading.
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Figure 4.8 shows the force vs. penetration depth curves obtained for the as-spun specimen and those
irradiated with a fluence of 1 x 10'2 and 1 x 10'® ions/cm?. The curves have been offset for clarity
and the initial displacement burst is marked by an arrow for each curve. For the as-spun specimen,
a comparison between the force vs. penetration depth curve shown in Fig. 4.8 with that shown in
Fig. 4.3 shows the displacement bursts were more clearly defined in the latter. The difference can be
attributed to the slower loading rate used to obtain the force vs. penetration depth curves shown in
Fig. 4.3 [112,122]. According to Fig. 4.8, displacement bursts were observed for all the specimens,
however they were more clearly defined for the as-spun specimen. The values obtained for the force
and displacement at the initial displacement burst, and the PDE values for the as-spun and irra-
diated specimens are shown in Table 4.2. For 10 indentations, the average force values along with
plus or minus one standard deviation and the minimum and maximum displacements corresponding
to the initial displacement burst are reported. For the as-spun specimen, the first displacement
burst occurred at an average force of 1014 uN. The irradiated specimens exhibited more variability
in the force at which the first displacement burst occurred, however the average force values were
significantly higher. The irradiated specimens were found to have slightly fewer displacement bursts
and the length of the bursts was of similar length or shorter than those in the as-spun specimen. An
average PDE value of 1.23 x 101 J/m? was obtained for the as-spun specimen. The PDE value was

seen to decrease with irradiation at 25 °C, which is consistent with an increase in ductility [118].

Table 4.2: Force at initial displacement burst (Fy), displacement of the indenter
during the initial displacement burst (Ah), and the PDE values obtained for the
Ti, CugoPd, 4 Zr,,Sn,Siy specimens before and after irradiation with Fe?* ions at 25 °C

using different fluences.

Specimen Fy (uN) Ah (nm) | PDE (1019 J/m3)

As-spun 1014 £ 3% | 1.0-24 1.23 + 4%
Irradiated with 1 x 10'2 ions/cm? | 1056 + 14% | 0.8 - 1.4 1.15 £ 10%
Irradiated with 1 x 10'3 ions/cm? | 2633 &+ 28% | 0.6 - 1.6 0.96 £ 7%
Irradiated with 1 x 10'* ions/cm? | 2218 4+ 16% | 0.5 - 1.3 0.91 + 8%
Irradiated with 1 x 105 ions/em? | 2618 4+ 17% | 0.8 - 1.6 0.99 £ 5%

The effects of ion irradiation on deformation was further investigated by comparing the total

amount of deformation that occurred during the displacement bursts (hgiscrete) to residual pene-
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Figure 4.8: Force vs. penetration depth curves for spherical indentations performed on the
Ti,oCug,Pdy,Zr,,Sn,Si, specimens before and after irradiation with Fe?™ ion at 25 °C

using different fluences. Arrows mark the initial displacement burst for each curve.

tration depth of the indenter after the removal of the test force (h,) by calculating the ratio of the
two values. For the as-spun specimen, the hgiscrete/hp was found to be ~20%. After ion irradiation
at 25 °C this ratio reduced to <12%, suggesting a transition in plastic flow from discrete (inhomo-
geneous) to continuous (homogeneous) [112,119]. Hu et al. [134] studied a Tiy,Zry;Bes,Cry MG
irradiated with C*t and C1** ions and found similar differences in the loading portion of the force
vs. penetration depth curves. They attributed the differences to ion irradiation changing the for-
mation and propagation of shear bands. It is plausible that a similar mechanism is involved for the

Ti-based MG used in this study.

4.2.3 Post-Indentation AFM

Figure 4.9 shows the impressions made with a Berkovich indenter on the as-spun specimen and those
irradiated with a fluence of 1 x 103 and 1 x 10'® ions/cm?. The scan area was 3 x 3 um? and the
height scale ranged from 220 to 420 nm. All specimens exhibited pile-up (i.e., material that is above
the surrounding surface), however the nature of the pile-up was different for the as-spun specimen
compared to the irradiated specimens. For the irradiated specimens, the pile-up was mostly confined
to the edges of the indentation and did not extend much beyond the perimeter of the indent. For

the as-spun specimen, the pile-up extended beyond the edges of the indentation in arcs around
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a) As-spun b) 1 x 10" ions/cm?
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Figure 4.9: Atomic force microscopy images of residual impressions from indentations
performed with a Berkovich indenter on the Ti,,Cus,Pd;,Zr,,Sn,5i, specimens before
and after irradiation with Fe?* ions at 25 °C using different fluences. All the scan areas

are 3 x 3 um? and the height scales are (a) 220 nm, (b) 420 nm, and (c) 280 nm.

the indentation. Furthermore, the piled-up material was mostly terrace-like with flat or slightly
sloped top surfaces. Jiang and Atzmon [135] have seen similar features around deeper indentations,
1 pm depth at maximum force, in an Al-based MG, which they attributed to shear bands and the
associated displacement bursts. This is consistent with the results of Figs. 4.8, where the irradiated
specimens showed fewer displacement bursts than the as-spun specimen. It is also consistent with
the irradiated specimens showing more homogeneous deformation.

An examination of the AFM image of the impression made on the as-spun specimen (Fig. 4.9(a))
showed that a majority of the shear band activity was confined to one edge of the impression, while
the other two edges either showed sporadic shear band activity or none at all. This asymmetric shear
band formation has been observed in our previous studies and those of others [124,135]. Therefore, it
is unlikely that it has resulted from experimental artifacts such as, tapered surface of the specimen or
misalignment of the indenter axis. It is believed that this asymmetry in deformation occurs because

of the strain softening exhibited by MGs [124]. Formation of shear bands is associated with a net
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Figure 4.10: Depth profiles of implanted Fe?* ion concentration and irradiation dam-
age that resulted from irradiation with a fluence of 1 x 10'3 ions/cm? in the as-spun

Ti,,CugyPd, ,Zr,,Sn,Si, specimen.

increase in free volume, which can induce strain softening [136, 137]. Therefore, once shear bands
initiate on one side of the impression, they tends to localize in the vicinity of the same side due to

strain softening.

4.3 Effects of Ion Irradiation at Elevated Temperatures - Be-
low the Glass Transition Temperature [132]

To investigate the effects of concurrent annealing and irradiation, as-spun Ti,,CugePd; 471,510, 5i,
specimens were irradiated with 4 MeV Fe?* ions at 25, 100, 200, and 300 °C using a fluence of
1 x 10 ions/cm?. Figure 4.10 shows the depth profiles of the implanted Fe?T ion concentration
and irradiation damage in dpa for the irradiated specimens, calculated using SRIM [98]. A default
density of 7.2 g/cm® was used for the simulation. The concentration of implanted Fe?* ions and
damage level remained below ~0.00026 at.% and ~0.018 dpa, respectively within the projected
range of the implanted ions. The structure and mechanical response of the specimens were studied
by XRD and nanoindentation. The results presented for the as-spun specimen and the specimen

irradiated at 25 °C are identical to those previously reported in Section 4.2.
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Figure 4.11: XRD patterns of the Ti,,Cug,Pd;,Zr,,Sn,5i, specimens before and after

irradiation with Fe?™ ions at 25, 100, 200, and 300 °C using a fluence of 1 x 103 ions/cm?.

4.3.1 Microstructural Evolution

Figure 4.11 shows the XRD patterns of the as-spun and irradiated specimens, where no signs of
crystallization is observed. This observation is consistent with the reports that below the glass
transition temperature, crystallization is unlikely to occur within typical experimental time scales

due to sluggish atomic movements [32,94,120,138-142].

4.3.2 Mechanical Response

Figure 4.12 shows the typical force vs. penetration depth curves for the as-spun specimen and those
irradiated at a temperature of 25 and 300 °C, obtained from indentations with a Berkovich indenter.
The loading sequence used for indentations consisted of loading to a maximum force of 10 mN at a
loading rate of 0.33 mN/s, a 60 s hold at the maximum force to allow any time dependent plastic
effects to diminish, 10 s unloading to 10% of the maximum force, a 60 s hold at 10% of the maximum
force to measure thermal drift, and a 2 s final unloading. The reduced elastic modulus and hardness
values, obtained from the analysis of the Berkovich indentations, are shown in Fig. 4.13. Each data
point is the average of 7 indentations and the error bars represent plus or minus one standard devi-
ation. Ion irradiation at room temperature resulted in a reduction in reduced elastic modulus and
hardness. However, both reduced elastic modulus and hardness increased monotonically with in-

creasing the irradiation temperature. At higher irradiation temperatures investigated, the irradiated
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Figure 4.12: Force vs. penetration depth curves obtained from indentations with a
Berkovich indenter on the Ti,,Cus,Pd,4Zr,,Sn,Si, specimens before and after irradi-

ation with Fe?* ions at 25 and 300 °C using a fluence of 1 x 103 ions/cm?.
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Figure 4.13: Reduced elastic modulus and hardness of the Ti,,Cug,Pd; ,Zr;,5S1,5i, spec-
imens before and after irradiation with Fe?* ions at 25, 100, 200, and 300 °C using a

fluence of 1 x 103 ions/cm?.
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specimens were found to exhibit mechanical properties comparable to the as-spun specimen. While
ion irradiation has been reported to lead to the introduction of excess free volume [63], heating a MG
below its glass transition temperature is believed to result in annihilation of free volume [143]. As

a result, annealing could reduce the effect of irradiation on reduced elastic modulus and hardness.

Table 4.3: Force at initial displacement burst (Fj), displacement of the indenter
during the initial displacement burst (Ah), and the PDE values obtained for the
Ti o CusyPdy,Zr,Sn,Si, specimens before and after irradiation with Fe?* ions at 25,

100, 200, and 300 °C using a fluence of 1 x 10'? ions/cm?.

Specimen Fy (uN) Ah (nm) | PDE (101° J/m3)

As-spun 1014 £3% | 1.0-24 1.23 + 4%
Irradiated at 25 °C | 2633 + 28% | 0.6 - 1.6 0.96 + ™%
Irradiated at 100 °C | 871 +40% | 0.5- 1.2 0.91 + 13%
Irradiated at 200 °C | 1025 £+ 34% | 0.5 - 2.0 0.89 + 5%
Irradiated at 300 °C | 1820 + 9% 1.7-54 1.14 £ 5%

To accentuate the displacement bursts visible in Fig.4.12, indentations were repeated on the as-
spun and irradiated specimens with a spherical indenter. The loading sequence used for the spherical
indentations consisted of loading to a maximum force of 10 mN at a loading rate of 0.05 mN/s, a 30 s
hold at the maximum force to allow any time dependent plastic effects to diminish, 10 s unloading to
10% of the maximum force, a 30 s hold at 10% of the maximum force to measure thermal drift, and
a 2 s final unloading. The values obtained for the force and displacement at the initial displacement
burst, and the PDE values for the as-spun and irradiated specimens are shown in Table 4.3. For
10 indentations, the average force values along with plus or minus one standard deviation and the
minimum and maximum displacements corresponding to the initial displacement burst are reported.
The irradiated specimens exhibited more variability in the force at initial displacement burst as well
as the PDE values. However, the average PDE values for the specimens irradiated at 25, 100, and
200 °C were lower than the as-spun specimen, which suggests an increase in ductility [118]. By further
increasing the irradiation temperature to 300 °C, the PDE value increased and became comparable

to that of the as-spun specimen suggesting a comparable ductility for these two specimens.
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(a) As-spun (b) 25 °C

(¢) 300 °C

Figure 4.14: Atomic force microscopy images of residual impressions from indentations
performed with a Berkovich indenter on the Ti,,Cug,Pd;,Zr,,Sn,Si, specimens before
and after irradiation with Fe?* ions at 25 and 300 °C using a fluence of 1 x 10'3 ions/cm?.
All the scan areas are 3 x 3 um? and the height scales are (a) 220 nm, (b) 420 nm, and
(c) 210 nm.

4.3.3 Post-Indentation AFM

To better understand the deformation mechanisms at work, an examination of the area around the
indentations performed with a Berkovich indenter was undertaken using AFM. Figure 4.14 shows
the impressions made with a Berkovich indenter on the as-spun specimen and those irradiated at 25
and 300 °C. The scan area was 3 x 3 um? and the height scale ranged from 210 to 420 nm. The
nature of the pile-up seemed to be similar for the as-spun specimen and the specimen irradiated at
300 °C, where the pile-up extended beyond the edges of the indentation in terrace-like arcs. This
observation, in addition to the comparable reduced elastic modulus, hardness, and ductility of the
as-spun specimen and the specimen irradiated at 300 °C, suggests a similar deformation mechanism

for these two specimens.
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Figure 4.15: Depth profiles of implanted Cu?* ion concentration and irradiation dam-
age that resulted from irradiation with a fluence of 1 x 106 ions/cm? in the as-spun

Ti,yCug, Pd,,Zr,,Sn,Sis specimen.

4.4 Effects of Ion Irradiation at Elevated Temperature - Be-
low and Above the Glass Transition Temperature

For this study, as-spun Ti,,Cus,Pd;,Zr,,Sn,Si; specimens were irradiated using 3.5 MeV Cu?*
with a fluence of 1 x 106 ions/cm? over a range of temperatures: (1) 100, 200, 250, 300, and 390 °C
(below the glass transition temperature) and (2) at 480 (above the glass transition temperature,
but below the crystallization temperature). Figure 4.15 shows the depth profiles of implanted Cu?*
ion concentration and irradiation damage in dpa for the irradiated specimens, calculated using
SRIM [98]. A default density of 7.1 g/cm?® was used for the simulation. The concentration of
implanted Cu?* ion was negligible at depths below 0.5 ym and reached a maximum of ~0.25 at.%
around a depth of 1.3 um. The simulation also predicted a maximum damage level of ~20 dpa at
a depth of ~1.1 ym. Beyond the maxima, both Cu?* ion concentration and irradiation damage
decreased and became negligible around a depth of 1.7 ym. The structure of the specimens was
studied by TEM. Nanoindentation experiments were performed on the specimen irradiated at 300 °C

and the results are reported in Section 4.5.2.

4.4.1 Microstructural Evolution

Figure 4.16(a) shows the cross-sectional TEM micrograph and the corresponding selected area

diffraction (SAD) pattern of the as-spun specimen. The micrograph exhibits a uniform contrast
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a) As-spun

Figure 4.16: Cross-sectional TEM micrographs and corresponding SAD patterns of the
Ti,oCus, Pdy,Zr;Sn,Sis specimens before and after irradiation with Cu?* ions at 250
and 300 °C using a fluence of 1 x 10'® ions/cm?. Surface of the specimen is at the bottom

of the micrograph.

with no signs of crystallization or segregation. The SAD pattern also shows a diffuse halo ring
without any detectable diffraction spots. The amorphous nature of the as-spun specimen indicates
that the FIB milling process used for the preparation of cross-sectional TEM specimens did not lead
to crystallization. The TEM micrographs and SAD patterns of the specimens irradiated at 100 and
200 °C also showed an amorphous structure with no signs of crystallization [99].

The TEM micrograph of the specimen irradiated at 250 °C is presented in Fig. 4.16(b). The mi-
crograph shows a multilayer structure where an amorphous layer, spanning depths of 810 - 1320 nm,
is sandwiched between crystallized layers. The SAD pattern collected from the amorphous layer
shows no signs of crystallization, while those collected from the adjacent layers show a ring with
diffraction spots, confirming crystallization. Overlaying the depth profile of irradiation damage (ob-
tained using SRIM) on the TEM micrograph of this specimen, as shown in Fig. 4.17, demonstrates
that the regions where the amorphous layer formed correspond to an irradiation damage of >17 dpa.
This suggests ion irradiation could delay the onset of crystallization at or near the depth correspond-
ing to the peak of irradiation damage. Additionally, except for an ~170 nm thick layer immediately
beneath the surface, the crystals formed within the ion range are larger than those beyond the range
of the implanted ions. Energy dispersive spectroscopy (EDS) measurements along the thickness
of the specimen demonstrated C and O contamination, as well as lower Cu concentrations in the
~170 nm thick layer immediately beneath the surface. The EDS results also showed variations in
the chemical compositions of different crystals within the ion range [99], suggesting the formation

of more than one crystalline phase.
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Figure 4.17: Cross-sectional TEM micrograph of the Ti,,Cug,Pd,%r,,5n,5i; specimen
irradiated with Cu®* ions at 250 °C using a fluence of 1 x 106 ions/cm? and the depth

profile of irradiation damage. Surface of the specimen is at the left of the micrograph.

Figure 4.16(c) shows the cross-sectional TEM micrograph and the corresponding SAD pattern
of the specimen irradiated at 300 °C. The micrograph indicates complete crystallization of the near-
surface region with nanocrystalline domains that varied in size from tens to hundreds of nanometers.
The SAD pattern shows multiple diffraction spots, which further confirms crystallization. Our
TEM observations confirmed that this specimen is crystallized to a depth of ~10 pm [99]. This
specimen will henceforth be referred to as the fully crystallized specimen. Similar observations were
also made for the specimens irradiated at 390 and 480 °C [99]. Several studies have reported on
ion irradiation-induced crystallization of MGs [84-89]. Although details of the crystallization may
be different in each study, enhanced atomic mobility is believed to be the general crystallization
mechanism. During ion irradiation, formation of excess free volume in the core of the damage
cascades leads to enhanced atomic mobility. Therefore, crystallization is possible where damage
cascades are formed (i.e., within the ion range). However, extensive TEM studies of the fully
crystallized specimen demonstrated that the crystallized region extended from the surface to depths
beyond the ion range of 1.7 pum; therefore, ion irradiation alone was not the mechanism responsible for
crystallization. At temperatures below the glass transition temperature, long-range atomic diffusion
and thus crystallization are unlikely to occur within typical experimental time scales [32,94,120,138—

142]; therefore, annealing the specimen at 300 °C (~0.7T}) is unlikely to result in crystallization. A
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plausible explanation for the crystallization of the specimen is ion beam heating. Irradiation with
energetic ions can induce localized heating in the target. Depending on the beam power density
and target thermal properties, the magnitude of ion beam heating can vary from a few to hundreds
of °C [91,144-148]. In the present study, the specimens were glued from both ends to a filament-
heated stage. A thermocouple was mechanically attached to the stage and its temperature readings
were used as feedback in the control of the filament current in order to automatically control the stage
temperature. Throughout the irradiations, the thermocouple recorded temperature fluctuations of
<10 °C. However, when beam heating occurs the thermocouple will not measure the increase in
specimen temperature since it is not mounted directly on the surface of the specimen [144]. As a
result, the temperature of the specimen was higher than the desired temperature of 300 °C, which

resulted in mass crystallization. Ton beam heating will be discussed in more details in Section 4.6.1.

4.5 Effects of Ion Irradiation at Elevated Temperature Fol-
lowed by Ion Irradiation at Room Temperature

As seen in Section 4.4, ion irradiation above a critical temperature leads to complete crystallization
in the near-surface region to depths beyond the range of the implanted ions. This study investigates
the possibility of creating a partially crystallized structure by subjecting such a fully crystallized
structure to a second step irradiation at room temperature. In an attempt to create partially crys-
tallized structures, as-spun Ti,oCug, Pd, 471, Sn,Sis specimens were irradiated with 3.5 MeV Cu?*
ions at 300 °C using a fluence of 1 x 106 ions/cm? to induce crystallization. Subsequently, the
crystallized specimens were irradiated again with 3.5 MeV Cu?* ions at 25 °C using a fluence of
1x 10,1 x 105, and 1 x 106 ions/cm?. The structure and mechanical response of the specimens

were studied by TEM and nanoindentation.

4.5.1 Microstructural Evolution

Figure 4.18 shows the cross-sectional TEM micrographs and the corresponding SAD patterns of
the as-spun and fully crystallized specimens and those subjected to a subsequent irradiation at
25 °C. The micrographs shown in Figs. 4.18(a) and (b) are identical to those shown in Fig. 4.16.
Irradiation of the fully crystallized specimen with a fluence of 1 x 10'* and 1 x 10'® ions/cm? results
in re-amorphization in the near-surface region. The re-amorphized region extends from the surface to

a depth of ~1.6 pm, which is comparable to the ion range. The SAD patterns collected from depths
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smaller than 1.6 pym show only a diffuse halo ring, while those collected from depths larger than
1.6 um show a ring with diffraction spots. By increasing the irradiation fluence to 1 x 106 ions/cm?,
the fully crystallized specimen transforms into a partially crystallized structure in the near-surface
region. The TEM micrograph of the partially crystallized specimen (Fig. 4.18(e)) shows the presence
of nanocrystals 10 - 80 nm in diameter embedded in an amorphous matrix. Ion irradiation-induced
amorphization has been reported in various materials [91,105,149] and is typically described by two
general models: defect accumulation and direct-impact. Based on the defect accumulation model,
amorphization is possible when the rate of defect generation exceeds that of defect annihilation.
When the overall density of defects reaches a threshold, the crystalline structure transforms into
an amorphous structure [103,150,151]. According to this model, the concentration and mobility
of point defects play an essential role in amorphization. Increasing the irradiation fluence creates
a higher damage level and therefore should facilitate re-amorphization [102-104, 150]. However,
our experimental observations were not consistent with the predictions of this model, since after
increasing the irradiation fluence from 1 x 10 to 1 x 106 ions/cm? complete re-amorphization in
the near-surface region was not observed. According to the direct-impact model, amorphization is
a result of localized melting and rapid quenching of the melted material in the core of the damage
cascades. Finite element analysis of MGs irradiated with energetic ions have demonstrated that
cooling rates of the melted material in the core of a damage cascade are on the order of 103 K/s [86].
This is much faster than a typical cooling rate of 10° K/s used for the fabrication of MG ribbons [123].
As a result, direct amorphization takes place in the core of a damage cascade. As the irradiation
fluence increases, the individual damage cascades overlap [90,91]. It is postulated that overlapping
of the damage cascades results in accumulated heating of the melted material and thus reduces
its temperature gradient with the surrounding material. The prolonged heating and slower cooling
rate may facilitate crystallization in the region of overlapped damage cascades. The predictions
based on the direct impact model appear to be in agreement with our experimental observations,
where complete amorphization was inhibited by increasing the irradiation fluence from 1 x 10'* to

1 x 106 jons/cm?. Further investigation is required to confirm this.

4.5.2 Mechanical Response

Nanoindentation experiments with a Berkovich indenter were performed on the the as-spun and
fully crystallized specimens and those subjected to a subsequent irradiation at 25 °C to measure

their reduced elastic modulus and hardness. The loading sequence used for indentations consisted
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Figure 4.18: Cross-sectional TEM micrographs and corresponding SAD patterns of the
Ti,Cus, Pdy,Zr, oSn,Sis specimens before and after irradiation with Cu?* ions. Surface
of the specimen is at the bottom of the micrograph. The range of implanted ions is

marked by a dashed line for the specimens irradiated at 25 °C.
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of loading to a maximum force of 4 mN at a loading rate of 0.13 mN/s, a 60 s hold at the maximum
force to allow any time dependent plastic effects to diminish, 10 s unloading to 10% of the maximum
force, a 60 s hold at 10% of the maximum force to measure thermal drift, and a 2 s final unloading.
The solid curves shown in Fig. 4.19 are the typical force vs. penetration depth curves obtained for the
as-spun specimen and those irradiated at 25 °C. The force vs. penetration depth curve for the fully
crystallized specimen is not shown since it did not exhibit shear band activity. Multiple displacement
bursts (serrations) were observed in the loading portion of the force vs. penetration depth curves.
Displacement bursts are observed for all the specimens shown in Fig. 4.19, however they are greater
in number and more clearly defined for the as-spun specimen. The effects of ion irradiation on
shear band activity was further investigated by considering the total amount of deformation that
occurred during the displacement bursts. Plotted with each original force vs. penetration depth
curve in Fig. 4.19 is a dashed curve with the displacement bursts removed, which shifts the curve
to the left. The sum of the displacement bursts, which is the total plastic deformation caused by
shear bands (hgiscrete), was compared to the residual penetration depth of the indenter after the
removal of the test force (h,) by calculating the ratio of the two values. This ratio, expressed as
a percentage, is shown in Fig. 4.19. For the as-spun specimen, the hgiscrete/hp was ~27%. Ion
irradiation at 25 °C reduced this value to ~7%. This is an indication of a transition in plastic flow
from discrete (inhomogeneous) in the as-spun specimen to relatively continuous (homogeneous) in
the specimens irradiated at 25 °C [112,119,121].

The relatively homogenous plastic deformation of the specimens irradiated with a fluence of
1 x 10 and 1 x 105 ions/cm?, which were fully amorphous within the ion range, can be explained
by considering the influence of free volume on shear band activity where regions of higher free volume
can more readily accommodate local shear [17]. Because the cooling rate during re-amorphization
is higher than that during melt spinning, it is possible for the re-amorphized structures to have
a greater amount of free volume compared to the as-spun specimen [152,153]. Consequently, the
number of shear bands that operate simultaneously is also higher in the re-amorphized structures.
When a large number of shear bands operate simultaneously, the contribution of each one to the total
plastic deformation is small. Therefore, displacement bursts and slip steps become less pronounced
and macroscopic plastic flow is more homogenous [120, 121, 135, 135]. Similar observations were
reported in Section 4.2.2 where Ti,,Cug,Pd;,Zr,;,5n,5i, specimens irradiated at 25 °C showed a
tendency towards more homogeneous plastic deformation. For the specimen irradiated with a fluence
of 1 x 1016 ions/cm?, which was partially crystallized within the ion range, the effects of secondary-

phase particles on shear band activity should also be considered. For a composite consisting of
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Figure 4.19: Original force vs. penetration depth curves (shown in solid) and the same
curves with the displacement bursts removed (shown in dashed line) for the as-spun
Ti,oCugy Pdy,Zr,,Sn,Si; specimen and those irradiated with Cu®* ions at 25 °C using

different fluences.
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Figure 4.20: Reduced elastic modulus and hardness of the Ti,,Cug; Pd; ,Zr; 51,515 spec-

imens before and after irradiation with Cu?T ions.

secondary-phase particles embedded in an amorphous MG matrix, differences between the elastic
modulus, hardness, and thermal expansion coefficient of the particles and matrix could result in
misfit strains, induce stress concentrations, and promote shear band formation [17,35,120]. This
is a plausible explanation for the transition towards more homogenous plastic flow in the partially
crystallized specimen. Our observations suggest that formation of secondary-phase particles as a
result of ion irradiation with a fluence of 1 x 10! ions/cm? can facilitate the distribution of applied
strain over a large number of shear bands, instead of a few dominant ones.

The reduced elastic modulus and hardness of the specimens were calculated from nanoindentation
experiments. Post-indentation AFM images of selected Berkovich indentations showed formation
of pile-up around the edges of the impressions. These AFM images will be further discusses in
Section 4.5.3. When pile-up is present, accurate measurements of the projected area cannot be
obtained from the force vs. penetration depth curves by the commonly used Oliver and Pharr
procedure [113]. Rather, indentations can be imaged to examine the extent of pile-up and establish
the true projected area [114,154]. Therefore, immediately after unloading, each indentation was
scanned using the diamond indenter as a scanning probe tip. The true projected area was measured
from the post-indentation SPM images using ImagelJ software [155] following the method introduced
by Sullivan and Prorok [156]. It is acknowledged that there may be some subjectivity in the method
used for evaluating the true projected area. However, differences between the mechanical response
of the as-spun and irradiated specimens can be attributed to the effects of irradiation.

Figure 4.20 shows the reduced elastic modulus and hardness of the as-spun and irradiated spec-

imens, where each data point is the average of 10 indentations and the error bars represent plus or
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minus one standard deviation. The maximum penetration depth for the indentations was ~160 nm,
which is ~10% of the ion range. This ensured that the obtained reduced elastic modulus and hard-
ness values represent the mechanical properties of the irradiated layer with minimum influence from
the underlying material [133]. For the as-spun specimen, a reduced elastic modulus of 105 GPa and
a hardness of 6.0 GPa were obtained. Accounting for pile-up in the analysis of the nanoindentation
data resulted in reduced elastic modulus and hardness values that are smaller than those reported
in Sections 4.1.1 and 4.2.2 for the as-spun Ti,,CugyPd; 71, 510,51, MG alloy. Irradiation at 300 °C,
which resulted in mass crystallization, led to in an ~6% reduction in reduced elastic modulus, but
an ~11% increase in hardness. Studies on fully crystallized MG specimens created by annealing
have reported an increased reduced elastic modulus and hardness due to free volume annihilation
and a subsequent increase in density [32,138,140]. The underlying reasons for the decrease in the
reduced elastic modulus of the fully crystallized specimen are unclear. Irradiation at 25 °C with

0'* ions/cm? resulted in ~21% reduction in reduced elastic modulus and ~27%

a fluence of 1 x 1
reduction in hardness compared to the as-spun specimen. A plausible explanation for the decrease
in both reduced elastic modulus and hardness is an increased free volume content resultant from
rapid cooling during re-amorphization [152,157]. Increasing the irradiation fluence resulted in a
monotonic increase in both reduced elastic modulus and hardness. For the partially crystallized
specimen irradiated with a fluence of 1 x 106 ions/cm?, a reduced elastic modulus of 119.0 GPa
and a hardness of 7.6 GPa were obtained. The increased reduced elastic modulus of the partially
crystallized specimen can be attributed to the higher density and shorter average interatomic spac-
ing of the crystalline phase compared to the amorphous phase [17,85,125]. According to Lund and
Schuh [158], the interaction of shear bands with nanocrystals depends on the size of the nanocrystals
relative to the shear band thickness. Nanocrystals that are larger than the shear band thickness
have the potential to disrupt the shear bands even if they exist in small volume fractions [159-161].
According to the TEM studies, the nanocrystals in the partially crystallized specimen were 10 - 80
nm in diameter. This is in comparison to a typical shear band thickness of 10 - 20 nm suggested for
MG ribbons [162,163], which demonstrates that disruption of shear bands by nanocrystals is plausi-
ble in the partially crystallized specimen. Therefore, increased hardness of the partially crystallized
specimen can be attributed to suppression of shear band propagation by nanocrystals.

To compare the ductility of the as-spun specimen with that of the partially crystallized specimen,
another set of nanoindentation experiments was performed using a spherical indenter. The loading
sequence used for these indentations were identical to that used for the Berkovich indentations

except for a loading rate of 0.03 mN/s. For 10 indentations, an average PDE value of (1.0940.03) x
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(b) 1 x 10" ions/cm?

(a) As-spun

(¢)1x 10%ions/em*>  (d) 1 x 10'¢ ions/cm?

Figure 4.21: Top view atomic force microscopy images of residual impressions from inden-
tations performed with a Berkovich indenter on the Ti,,Cug,Pd;,Zr;,5Sn,5i; specimens
before and after irradiation with Cu?* ions at 25 °C. All the scan areas are 2 x 2 pm?

and the height scales are 100 nm.

10'° J/m?® was obtained for the as-spun specimen. The PDE value of the partially crystallized
specimen was fount to be (1.21 +0.21) x 10'° J/m3. The larger standard deviation of the partially
crystallized specimen, which was attributed to the inhomogeneous distribution of nanocrystals within
the amorphous matrix, made it difficult to make a comparison between the ductility of the two

specimens.

4.5.3 Post-Indentation AFM

Figure 4.21 shows AFM images of the impressions made with a Berkovich indenter on the as-spun
specimen and those irradiated at 25 °C. The scan area is 2x 2 um? and the height scale is 100 nm. All
specimens exhibit pile-up, however the nature of pile-up changes after irradiation. For the as-spun

specimen, slip steps are observed, where pile-up extended beyond the edges of the indentation in
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relatively flat arcs around the impressions. Slip steps were not observed for the specimens irradiated
at 25 °C and pile-up is mostly confined to the edges of the impressions. By increasing the irradiation
fluence from 1 x 10'* to 1 x 10! ions/cm?, the height of pile up decreased from ~50 nm to less
than 10 nm. Slip steps have been observed in MGs deformed in constrained modes of loading and
are associated with shear band formation [135,164,165]. The absence of slip steps for the specimens
irradiated at 25 °C is consistent with the observations from Fig. 4.19, where irradiation led to more

homogenous plastic deformation.

4.6 Additional Studies on the Effects of Ion Irradiation at
Elevated Temperature

Based on our findings in Section 4.4, the microstructure of the specimens irradiated at elevated
temperature was affected by ion beam heating. To resolve this issue, additional irradiations were
performed at elevated temperature where the average beam current was kept below 125 nA. Ton
beam heating is known to be directly proportional to the applied beam current [166]; therefore,
using a relatively low beam currents is expected to minimize the magnitude of beam heating. In
this study, as-spun Ti,oCuygPd,;,Zr;,Sn,Sis specimens were irradiated using 3.5 MeV Cu?T ions
with a fluence of 1 x 106 ions/cm? over a range of temperatures: (1) at 325, 385, 400, and 440 °C
(below the glass transition temperature), (2) at 450 °C (equal to the glass transition temperature),
and (3) at 460 and 480 °C (above the glass transition temperature, but below the crystallization

temperature). The ion beam had a rectangular shape of 12 x 6.5 mm?

and an average intensity
of 5 x 10! ions/cm?s. Figure 4.22 shows the depth profiles of implanted Cu?* ion concentration
and irradiation damage in dpa for the irradiated specimens, calculated using SRIM [98]. A default
density of 7.0 g/cm? was used for the simulation. The concentration of implanted Cu?* ion was
negligible at depths below 0.5 ym and reached a maximum of ~0.25 at.% around a depth of 1.4 pm.
The simulation also predicted a maximum damage level of ~21 dpa at a depth of ~1.1 pm. Beyond
the maxima, both Cu?* ion concentration and irradiation damage decreased and became negligible

around a depth of 1.7 um. The structure and mechanical response of the specimens were studied by

TEM, XRD, and nanoindentation.
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Figure 4.22: Depth profiles of implanted Cu?* ion concentration and irradiation dam-
age that resulted from irradiation with a fluence of 1 x 106 ions/cm? in the as-spun

Ti, CuggPd, ,Zr,,Sn,Si; specimen.

4.6.1 Microstructural Evolution

Figure 4.23 shows the cross-sectional TEM micrographs and corresponding SAD patterns of the as-
spun specimen and those irradiated at 450, 460, and 480 °C. The TEM micrograph of the as-spun
specimen (Fig. 4.23(a)) exhibits a uniform contrast with no signs of crystallization or segregation.
The SAD pattern also shows a diffuse halo ring without any detectable diffraction spots. The TEM
micrographs and SAD patterns of the specimens irradiated at 325, 385, 400, and 440 °C were similar
to those of the as-spun specimen and showed no signs of crystallization. These observations are
consistent with our previous studies reported in Section 4.3 and those of others [32,94,120,138-142]
that at temperatures below the glass transition temperature, long-range atomic diffusion and thus
crystallization are not likely to occur within experimental time scales [32,94,120,138-142].

Figure 4.23(b) shows the cross-sectional TEM micrograph and corresponding SAD patterns of the
specimen irradiated at the glass transition temperature of 450 °C. While the specimen is amorphous
within the range of the implanted ions (1.7 pm), crystallization is observed beyond the ion range.
The SAD pattern collected from depths smaller than 1.7 um shows only a diffuse halo ring, while that
collected from depths larger than 1.7 pm shows a ring with diffraction spots. Higher magnification
TEM micrographs of this specimen, presented in Fig. 4.24, show the presence of nanocrystals that
are 5 - 20 nm in diameter beyond the range of the implanted ions.

As seen in Fig. 4.23(c), by increasing the irradiation temperature to 460 °C the thickness of the
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(a) As-spun

(b) 450 °C ___ (©) 460 °C (d) 480 °C

Figure 4.23: Cross-sectional TEM micrographs and corresponding SAD patterns of the
Ti o CuygPdy,Zr; o Sn,Sis specimens before and after irradiation with Cu?* ions at 450,
460, and 480 °C using a fluence of 1 x 106 ions/cm?. Surface of the specimen is at the
top of the micrograph. The range of implanted ions is marked by a dashed line for the

irradiated specimens.
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Figure 4.24: TEM micrographs of the Ti,,Cu,ePd, ,Z1r,,Sn,Si; specimen irradiated with
Cu?* ions at 450 °C. The dashed line approximately marks the range of the implanted

ions.

amorphous layer decreases and a crystalline layer forms in the near-surface region. Further increase
in irradiation temperature to 480 °C (Fig. 4.23(d)) results in crystallization of the specimen within
and beyond the ion range. Figure 4.25 shows additional TEM micrographs of the fully crystallized
specimen, which confirm mass crystallization. The crystals formed at depths smaller than 1.7 ym
appear to be larger than those formed at deeper depths.

Figure 4.26 shows the XRD patterns of the as-spun and irradiated specimens. Consistent with the
TEM observations, only a broad peak corresponding to an amorphous phase can be observed for the
as-spun specimen and those irradiated at 325, 385, 400, and 450 °C. For the specimen irradiated at
460 °C, a sharp peak superimposed on the broad amorphous peak can be observed. After increasing
the irradiation temperature to 480 °C, the broad amorphous peak is no longer observed and several
sharp peaks appear. For the specimen irradiated at 480 °C, an XRD pattern with improved signal to
noise ratio was obtained by increasing data collection time by an order of magnitude. The obtained
XRD pattern is shown in Fig. 4.27 where peaks corresponding to face centered cubic (fcc) Cu,
hexagonal TiPd,, rhombohedral Zr;Pd,, and hexagonal Pd;Zr crystalline phases are observed. This
observation is again consistent with the TEM micrographs of this specimen (Figs. 4.23(d) and 4.25),
which showed complete crystallization.

Similar to the findings reported in Section 4.4, our microstructural studies demonstrate that
there is a critical temperature below which the specimen remains completely amorphous. When
irradiation is performed at or near the critical temperature, areas that are beyond the ion range (i.e.,
not affected by ion irradiation) undergo crystallization, but those within the ion range remain entirely

or partially amorphous. In other words, ion irradiation favors amorphization and delays the onset of
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Figure 4.25: TEM micrographs of the Ti,,CuygPd;,Zr;;Sn,5i; specimen irradiated with

Cu?* ions at 480 °C. The dashed line marks the range of the implanted ions.
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Figure 4.26: XRD patterns of the Ti, CuyPd;,Zr,,Sn,5i; specimens before and after

irradiation with Cu?" ions using a fluence of 1 x 106 ions/cm?.
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Figure 4.27: Higher resolution XRD pattern of the Ti,,CuyyPd,,Zr,,Sn,5i; specimen

irradiated with Cu®* ions at 480 °C using a fluence of 1 x 106 ions/cm?.

crystallization. At temperatures higher than the critical temperature, annealing becomes dominant
and complete crystallization takes place. Despite these similarities, the critical temperature in the
present study (~T,) was found to be considerably higher than that reported in Section 4.4 (~0.7Ty)).
A plausible explanation for this discrepancy is ion beam heating as discussed below.
Crespillo et al. [144] provided an analytical solution for the maximum temperature rise (AT ,42)
that resulted when an ion beam with a square cross section was incident on a semi-infinite target:
okl

AT, < 05617 (IV.2)

where ¢ and F are the beam intensity and energy, [ is the width of the ion beam, and K is the
thermal conductivity of the target. This analytical solution does not account for heat loss and
assumes that the ion energy is deposited entirely as heat. To the best of our knowledge, no reports
on the thermal conductivity of the Ti,;,CuyqPd,,Zr,;,Sn,Si; MG alloy is available. Wang et al. [167]
reported a thermal conductivity of 9.15 W/mK for a Ti,;ZrysBey Cu,,Niz MG alloy at 360 °C.
Using this value as an estimate for the thermal conductivity of the as-spun specimen in the present

study and assuming that the rectangular ion beam of 12 x 6.5 mm?

is equivalent to a square beam of
8.8 x 8.8 mm?2, the maximum temperature rise was found to be <2 °C. This confirms that when beam
heating is minimized, irradiation with 3.5 MeV Cu?* ions using a fluence of 1 x 106 ions/cm? does

not lead to crystallization of the Ti,,CuygPd;,Zr,(Sn,5i; specimens. We are unable to provide a

59



quantitative evaluation of beam heating for the irradiations performed in Section 4.4 since the beam
characteristics were not properly recorded. However, based on the findings of the present study, the
temperature rise due to beam heating should have been at least 140 °C to raise the temperature to

the glass transition and lead to mass crystallization in the specimen.

4.6.2 Mechanical Response

Nanoindentation experiments with a Berkovich indenter were performed on the the as-spun and
irradiated specimens to measure their reduced elastic modulus and hardness. The loading sequence
used for indentations consisted of loading to a maximum force of 4 mN at a loading rate of 0.13 mN/s,
a 60 s hold at the maximum force to allow any time dependent plastic effects to diminish, 10 s
unloading to 10% of the maximum force, a 60 s hold at 10% of the maximum force to measure
thermal drift, and a 2 s final unloading. Figure 4.28 shows the typical force vs. penetration depth
curves obtained for the as-spun and irradiated specimens. All force vs. penetration depth curves are
plotted using the same y-axis scale. Therefore, shifts in the position of the curves can be interpreted
as changes in hardness where higher hardness values shift the curve towards smaller indentation
depths. A comparison between the force vs. penetration depth curves of the as-spun and irradiated
specimens suggests a reduction in hardness after irradiation at 325, 385, or 400 °C, but an increase
in hardness after irradiation at 450, 460, or 480 °C. Small displacement bursts are observed in
the loading portion of the force vs. penetration depth curves of all the specimens, except the one
irradiated at 480 °C. The absence of displacement bursts is believed to be due to a lack of shear
band activity in this completely crystallized specimen.

Immediately after each indentation, the diamond indenter was used as a scanning probe tip to
study the Berkovich impressions. Figure 4.29 shows post-indentation SPM images of the as-spun and
irradiated specimens. As seen in Figs. 4.29(a) - (d), pile-up is observed for the as-spun specimen
and those irradiated at 325, 385, or 400 °C. An average pile-up height of ~15 nm is obtained
for the as-spun specimen. After irradiation at 325, 385, or 400 °C, the average pile-up height
increases to ~30 nm. By contrast, after irradiation at 450, 460, and 480 °C no pile-up is observed
(Figs. 4.29(e) - (g)). The post-indentation SPM images were used to obtain the true projected area
following the Sullivan and Prorok method [156] using ImagelJ software [155]. The obtained values
of the true projected area were then used to measure the reduced elastic modulus and hardness of
the specimens.

Figure 4.30 shows the reduced elastic modulus and hardness of the as-spun and irradiated spec-
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Force, P (mN)

Figure 4.28: Force vs. penetration depth curves obtained from indentations with a

Berkovich indenter on the Ti,,CuygPd;,7Zr(Sn,Si; specimens before and after irradi-

ation with Cu?* ions at different temperatures.
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(a) As-spun

(b) 325 °C ¢) 385 °C (d) 400 °C
H H

(e) 450 °C (f) 460 °C (g) 480 °C

Figure 4.29: Top view scanning probe microscopy images of residual impressions from

indentations performed with a Berkovich indenter on the Ti,,CuygPd;,Zr,,Sn,Si; speci-
mens before and after irradiation with Cu?* ions at different temperatures. All the scan

areas ares are 3 x 3 um? and the height scales are 100 nm.
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Figure 4.30: Reduced elastic modulus and hardness of the Ti,,CuygPd; ,Zr;,Sn,5i; spec-

imens before and after irradiation with Cu?T ions at different temperatures.

imens, where each data point is the average of at least 10 indentations and the error bars represent
plus or minus one standard deviation. As seen in Fig. 4.28, the maximum penetration depth for
the indentations was <190 nm, which ensures minimum influence from the material beyond the
implanted ion range of 1.7 pum on the reduced elastic modulus and hardness results [133]. For the
as-spun specimen, a reduced elastic modulus of 96 GPa and a hardness of 6.6 GPa were obtained.
Irradiation at 325, 385, or 400 °C resulted in a reduction in reduced elastic modulus and hardness
compared to the as-spun specimen. This is consistent with the observations from Fig. 4.28 where the
force vs. penetration depth curves of the specimens irradiated at 325, 385, or 400 °C shifted to larger
indentation depths compared to the as-spun specimen. By increasing the irradiation temperature
to the glass transition temperature of 450 °C, reduced elastic modulus and hardness increased to
120 and 8.6 GPa, respectively. Increasing the irradiation temperature to 480 °C , which resulted
in complete crystallization, did not have a significant influence on the reduced elastic modulus, but
increased the hardness to 9.8 GPa. The reduced elastic modulus and hardness of the fully crystal-
lized specimen are respectively ~26% and ~50% higher than those of the as-spun specimen. This is
consistent with the reports on fully crystallized MG specimens created by annealing where increased
elastic modulus and hardness have been attributed to free volume annihilation and a subsequent
increase in density [32,138,140].

To study the onset of plastic deformation, another set of nanoindentation experiments were
performed on the specimens where a spherical indenter was used for the indentations. The loading
sequence used for these indentations consisted of loading to a maximum force of 4 mN at a loading
rate of 0.03 mN/s, a 60 s hold at the maximum force to allow any time dependent plastic effects to

diminish, 10 s unloading to 10% of the maximum force, a 60 s hold at 10% of the maximum force
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Table 4.4: Force at initial displacement burst (Fy), displacement of the indenter
during the initial displacement burst (Ah), and the PDE values obtained for the
Ti,oCuygPdy,Zr; o Sn,Si; specimens before and after irradiation with Cu?* ions at dif-

ferent temperatures.

Specimen Fy (uN) | Ah (nm) | PDE (10'° J/m3)

As-spun 1752 £ 9% | 1.3-3.6 1.15 + 5%
Trradiated at 325 °C | 1363 + 14% | 0.6 - 1.3 0.75 + 4%
Trradiated at 385 °C | 1791 + 9% 1.1-3.8 0.90 + 11%
Irradiated at 400 °C | 1838 + 10% | 1.1-2.7 0.87 + 5%
Irradiated at 450 °C | 1990 + 6% 1.5-5.6 1.20 £+ 3%
Irradiated at 460 °C | 1084 + 5% | 0.5- 1.7 097 £ 7%

to measure thermal drift, and a 2 s final unloading. Figure 4.31 shows the force vs. penetration
depth curves obtained for the as-spun and irradiated specimens where the initial displacement burst
is marked with an arrow. Consistent with the observations from Fig. 4.28, displacement bursts are
observed for all specimens except the one irradiated at 480 °C. The values obtained for the force
and displacement at the initial displacement burst, and the PDE values for the as-spun specimen
and those irradiated at 325, 385, 400, 450, and 460 °C are shown in Table 4.4. For 10 indentations,
the average force values along with plus or minus one standard deviation and the minimum and
maximum displacements corresponding to the initial displacement burst are reported. An average
PDE value of 1.15 x 10'° J/m? was obtained for the as-spun specimen. The PDE value was seen to
decrease after irradiation at 325, 385, and 400 °C, which suggests an increase in ductility [118]. After
increasing the irradiation temperature to 450 °C, the PDE value increased and became comparable to
that of the as-spun specimen suggesting a comparable ductility for these two specimens. A plausible
explanation for the initial decrease in the PDE values followed by a subsequent increase at higher
irradiation temperature is the competing effects of ion irradiation and annealing on free volume:
while ion irradiation introduces excess free volume [63], annealing leads to the annihilation of free
volume [143]. The PDE value of the specimen irradiated at 460 °C was found to be an exception to
this trend since it was considerably lower than that of the as-spun specimen. However, it is likely
that the nanoindentation results of this specimen have been affected by the crystalline layer that is

present in the near-surface region (see Fig. 4.23(c)).
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To evaluate the fracture toughness of the specimens, another set of nanoindentation experiments
was performed using a cube corner indenter. For a cube corner indenter, the angle between the
axis of symmetry and a face is smaller than that of a Berkovich indenter (35.3° compared to 65.3°).
Therefore, at any given load, the cube corner indenter displaces more material than the Berkovich
indenter, and generates greater stresses and strains in the surrounding material. Considering that
the initiation and propagation of indentation cracks are promoted by larger stresses and strains,
using a cuber corner indenter could result in radial cracking [168], which allows for the calculation
of fracture toughness based on the maximum indentation force and crack length [168-171]. Cube
corner indentations were performed at the the maximum force allowable by the instrument (10 mN).
However, no sings of cracks were observed in the post-indentation SPM images of the cuber corner
impressions. The absence of cracks could be an indication that the cracking threshold is higher
than 10 mN. In this case, fracture toughness of the specimens cannot be evaluated by the Hysitron
nanoindenter used in the present study. Another possibility is that although cracks were formed
during indentation, they were closed after unloading [172]. This can be verified by performing
acoustic emission (AE) nanoindentation experiments via studying the elastic waves emitted during

possible crack formation.
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Figure 4.31: Force vs. penetration depth curves obtained from indentations with a spher-
ical indenter on the Ti,,Cu,gPd,,Zr,,5n,5i; specimens before and after irradiation with

Cu?? ions at different temperatures. Arrows mark the initial displacement burst for each

curve.
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CHAPTER V

CONCLUSIONS AND FUTURE
WORK

5.1 Conclusions

1. TiyyCusyPd;,Zr,(Sn,5i, specimens retained their amorphous structure after both annealing
at temperatures below the glass transition temperature and irradiation with 4 MeV Fe?*
ions at room temperature (regardless of the fluence used). Annealing at temperatures below
the glass transition temperature, which has been reported to lead to the annihilation of free
volume, resulted in an increase in hardness and higher plastic deformation energy (PDE) values.
Conversely, irradiation at room temperature, which has been reported to introduce free volume,
was seen to result in a reduction of the reduced elastic modulus, hardness, and PDE values,
and also shift the deformation towards less shear localization and more homogenous plastic

flow.

2. TiyyCugePd, 4721, ,Sn,Si, and Ti, CuygPd,,Zr,(Sn,Siy specimens remained amorphous after
concurrent irradiation and annealing below the glass transition temperature. Annealing below
the glass transition temperature was seen to reduce the effects of room temperature irradi-
ation on the reduced elastic modulus and hardness as well as on the relative proportion of

inhomogeneous to homogeneous deformation.

3. For the Ti,,CuygPd;,Zr,(Sn,Si; specimens subjected to concurrent annealing and irradiation
with 3.5 MeV Cu?*t ions using a fluence of 1 x 106 ions/cm?, first signs of crystallization

was observed in the specimen that was irradiated at the glass transition temperature. This
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specimen was crystallized beyond the range of the implanted ions, but remained amorphous
within the ion range. At 30 °C above the glass transition temperature, complete crystallization,
within and beyond the ion range, was observed. XRD measurements demonstrated that the
resulted crystalline phases are a combination of intermetallic compounds (TiPd,, Zr;Pd,, and
Pd;Zr) and face centered cubic Cu. In contrast, Ti,,Cug, Pd;,4Zr,,Sn,Si; specimens irradiated
using the same ion species, energy, and fluence were completely crystallized at 140 °C below
the glass transition temperature. Crystallization of this specimen was a result of irradiation-
induced ion beam heating. Undesired beam heating can be minimized by lowering the ion

beam current.

4. Irradiation of a fully crystallized Ti,,Cus,Pdy,Zr,Sn,Si; specimen with 3.5 MeV Cu?* ions
at 25 °C using a fluence of 1 x 10 or 1 x 10'® ions/cm? resulted in re-amorphization in the
near-surface region. The thickness of the re-amorphized region was comparable to the range

of the implanted ions.

5. A Tiy,Cusz, Pd;,Zr,(Sn,Si; MG-matrix composite consisting of 10 - 80 nm diameter nanocrys-
tals embedded in an amorphous matrix was fabricated by 3.5 MeV Cu?T ion irradiation at
300 °C using a fluence of 1 x 1016 ions/cm? followed by a second step irradiation at 25 °C using
the same ion species, energy, and fluence. Formation of nanocrystals in the composite was seen
to result in an increase in reduced elastic modulus and hardness, and to shift the deforma-
tion mechanism towards less shear localization and more homogenous plastic flow compared
to the as-spun specimen. These observations are consistent with the reports that formation of
nanocrystals can promote initiation of a large number of shear bands and inhibit shear band

propagation.

6. Irradiation of TiyyCus, ,Pd;,Zr,Sn,Si, (x = 2, 3, and 5) specimens with 4 MeV Fe?T or
3.5 MeV Cu?* ions appeared to favor amorphization and even delayed the onset of crystal-

lization when irradiation was performed at the glass transition temperature.

5.2 Potential Future Studies

e It remains unclear whether a partially crystallized MG specimen can be obtained by ion irra-
diation at elevated temperature followed by ion irradiation at 25 °C when ion beam heating
is prevented. The fully crystallized Ti,,Cu,gPd;,7Zr,,Sn,5i; specimen obtained by ion irradi-

ation at 480 °C should be irradiated again at room temperature over a range of fluences to
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address this question.

Although irradiation-induced crystallization has been reported in MGs at room temperature,
no signs of crystallization was observed in the Ti,,Cug,_ Pd;,Zr ,Sn,Si, (x = 2, 3, and 5)
specimens that were irradiated in this study. Investigating the effects of ion species and energies
on structural evolutions caused by irradiation can help identify whether direct irradiation-

induced crystallization is achievable in this alloy.

Direct characterization of free volume, using techniques such as positron annihilation spec-
troscopy (PAS), can be useful in understanding the correlations between the irradiation-

induced changes in free volume and mechanical behavior of the specimens.

Performing uniaxial compression experiments on micropillars, produced by focused ion beam
(FIB) milling, followed by studying the deformation in the micropillars using a scanning elec-
tron microscope (SEM) can provide additional information about the deformation behavior

and shear band activity in the as-spun and irradiated MG specimens.

Nanolaminate composites consisting of alternating layers of amorphous and crystallized MG
have been fabricated by depositing parallel layers of Pt on the surface of a fully crystallized
Ti,,CuygPd,,Zry, Sn,Si; specimen followed by ion irradiation at 25 °C. Studying the me-
chanical response of these nanolaminates helps identify the effects of amorphous/crystalline

interfaces on the deformation behavior of MGs.
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