
FABRICATION OF FINEGRAINED SIC AND SIC-EXFOLIATED

GRAPHENE NANOCOMPOSITES USING SPARK PLASMA

SINTERING OF POLYMER DERIVED SIC

By

ARIF RAHMAN

Bachelor of Science in Mechanical Engineering
Bangladesh University of Engineering and Technology

Dhaka, Bangladesh
2006

Master of Science in Mechanical Engineering
Oklahoma State University

Stillwater, OK, USA
2009

Submitted to the Faculty of the
Graduate College of

Oklahoma State University
in partial fulfillment of

the requirements for
the Degree of

DOCTOR OF PHILOSOPHY
July, 2014



COPYRIGHT ©

By

ARIF RAHMAN

July, 2014



FABRICATION OF FINEGRAINED SIC AND SIC-EXFOLIATED

GRAPHENE NANOCOMPOSITES USING SPARK PLASMA

SINTERING OF POLYMER DERIVED SIC

Dissertation Approved:

Dr. Raman P. Singh

Dissertation Advisor

Dr. Sandip P. Harimkar

Dr. Jay C. Hanan

Dr. Ranji Vaidyanathan

iii



Name: ARIF RAHMAN
Date of Degree: JULY, 2014
Title of Study: FABRICATION OF FINEGRAINED SIC AND SIC-EXFOLIATED GRAPHENE
NANOCOMPOSITES USING SPARK PLASMA SINTERING OF POLYMER DERIVED
SIC
Major Field: MECHANICAL ENGINEERING
Abstract:
In spite of excellent thermo-mechanical properties of silicon carbide (SiC), its application
is limited due to its inherent brittle nature. Inclusion of a high strength and high modulus
second phase can potentially improve the fracture toughness of SiC with proper processing.
This study presents a systematic approach to understand the effect of processing parameters
on sintering of SiC matrix without binders first, and then effect of graphene reinforcement
on mechanical and microstructural properties of SiC.

At first, nanostructured bulk SiC ceramics are processed using a novel approach that
combines pyrolysis of preceramic polymer and spark plasma sintering (SPS). Allylhydri-
dopolycarbosilane (AHPCS) is used as the preceramic polymer and pyrolyzed under inert
conditions to produce SiC powder. Fourier transform infrared spectroscopy (FTIR) con-
firmed complete conversion of preceramic polymer to amorphous SiC at 1400 °C. Sub-
sequently, spark plasma sintering (SPS) technique is used to compact the SiC powder at
temperatures ranging from 1600 to 2100 °C at a uni-axial pressure of 70 MPa and a soak
time of 10 minutes. In situ crystallization of amorphous SiC using SPS results in fine
grained structure ranging from 97–540 nm. Close to theoretical density materials are ob-
tained, at the higher sintering temperatures, with mechanical properties that exceed those
of commercially available micron-sized sintered silicon carbide.

Later, the effect of graphene nanoplatelets on the microstructure and mechanical prop-
erties of silicon carbide (SiC) was investigated. Graphene nanoplatelets are dispersed
in a liquid preceramic polymer by ball milling. Pyrolysis of the graphene nanoplatelet–
preceramic polymer slurry results in near-stoichiometric SiC–graphene nanoplatelet pow-
der. This method leads to improved dispersion of graphene in the SiC matrix as compared
to conventional mechanical blending of dry powders and thereby significantly influences
the resulting mechanical properties. Subsequently, spark plasma sintering (SPS) is used to
consolidate dense bulk SiC–graphene composites with varying graphene content up to a
maximum of 5 wt.%. X-ray diffraction (XRD) and scanning electron microscopy (SEM)
investigations reveal that inclusion of graphene restricts grain growth of SiC matrix dur-
ing SPS processing. Fracture toughness of SiC-graphene composite is increased by 40%
with the inclusion of 2 wt.% graphene nanoplatelets. However, for higher graphene content
the change in fracture toughness is limited. Improvement in fracture toughness is due to
crack deflection mechanism provided by the graphene platelets. Similar graphene content
also resulted in 20% improvement in flexural strength. Finally, Raman spectroscopy is
used to understand the complex effect of sintering temperature and pressure on graphene
nanoplatelet.
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CHAPTER I

Introduction

β-silicon carbide (β-SiC) exhibits unique properties which include high hardness, elastic

modulus, thermal stability, and chemical/oxidation resistance [18–20]. In spite of these

excellent properties, one major factor that limited the use of SiC in structural application

is its inherent brittleness (low fracture toughness) [21–23]. Reducing ceramic grain size

to nanoscale along with nanoscale reinforcement in ceramic matrix results in improve-

ment in fracture toughness [24–33]. Nanoscale fillers also have potential for improving

other properties of ceramic matrix composites (CMCs). For instance, carbon nanotubes

(CNTs) significantly affect electrical and thermal properties of CMCs [12, 34–37]. How-

ever, processing of nanograined CMCs is difficult. Processing issues include grain growth

during sintering process [38–40] and dispersion of nanofillers (such as CNTs) in the ce-

ramic matrices [41–43]. Hence, it is critically important to overcome these processing

issues to understand the potential of nanograined CMCs to full extent in advanced appli-

cations. Graphene, a recently discovered material, is one of the strongest filler materials

available today and is expected to replace CNTs due to its excellent properties and relative

ease of processing/dispersion in various material matrices [15, 44, 45]. The reinforcement

with graphene in the SiC is expected to not only enhance the toughness and thermal con-

ductivity of the composite but also restrict the grain growth of the ceramic matrix [16].

Following sections of this background review highlight the current understanding of the

processing and properties of the SiC, CMCs, and graphene as a nanofiller.
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I.1 SiC structure, polytypes and properties

SiC exhibits unique intrinsic properties due to the strong covalent bond between the Si and

C atoms. Si and C belong to group IV and have 4 valence electrons. Four sp3 electron

orbitals are formed by hybridization of one s and three p electrons. These orbitals are ar-

ranged in a symmetric tetrahedron so that each carbon atoms form closed packed parallel

layers with the Si atom situated in the tetrahedron holes between the layers. Crystals of

SiC have layered structure of the tetrahedra and stacking sequence of these layers decides

the polytype of the material. There are two phases of SiC, namely β-SiC and α-SiC. The β

phase has a cubic lattice with an ABCABC... stacking sequence. This phase is also known

3C polytype where the 3 refers to 3 layers in a unit cell and C refers to the cubic crystal

structure. The α phase is either hexagonal or rombohedral crystal structure that can exist

as any of the 200 known polytypes based on the stacking sequence [5]. Most common

α phases are 2H with a stacking sequence of ...ABAB..., 4H with a stacking sequence of

...ABAC..., 6H with a stacking sequence of ...ABCACB..., and 15R with stacking sequence

of ...ABCBACABACBCACB...Fig. I.1 shows schematic stacking in 3C, 6H, 4H, and 15R

SiC polytypes. The β phase has been considered as a low temperature phase, stable up to

1500°C to 2000°C whereas the α phase is considered a high temperature phase. It is be-

lieved that the β phase transforms into one or more α phase at temperatures above 2000°C

unless there is a stabilizing agent that changes the transformation temperature. However,

later on it was found that β phase can exist at higher temperature and should not be con-

sidered a low temperature phase [46]. Moreover, the 3C-SiC is considered more stable

compared to other hexagonal polytypes of SiC up to a temperature of 2100°C [1]. The

stability of different polytypes depends on temperature, impurities, growth kinetics, and

supersaturation. Elements from group III and V have been shown to stabilize polytypes of

SiC. For example, aluminum and boron have stabilizing effect on 4H-SiC whereas nitrogen

and phosphorus seems to stabilize 3C-SiC [5].

Even though there is a variation in stacking sequence in SiC polytypes, the bonding

2



Figure I.1: Schematic representation of stacking in (a) 3C-SiC, (b) 6H-SiC, (c) 4H-SiC,
and (d) 15R-SiC [5].

Property 3C-SiC 2H-SiC 4H-SiC 6H-SiC

Lattice constant, a (nm) 0.43589 0.3081 0.3081 0.3081
Lattice constant, c (nm) - 0.5031 1.0061 1.5092
Density (g/cc) 3.215 3.219 3.215 3.215
Band gap (eV) 2.39 3.33 3.26 3.0
Electron mobility (cm2V−1s−1) ≤1000 – ≤850 ≤450
Thermal conductivity (W cm−1K−1) 3.2 – 3.7 4.9

Table I.1: Physical, electrical and thermal properties of different SiC polytypes [1]

3



between Si and C is 88% covalent and 12% ionic with a bond distance of 1.89 Å in all

polytypes. Hence effect of stacking sequence on properties of SiC polytype is dependent

on the property being measured. While electronic and thermal properties show dependence

on stacking sequence, mechanical properties show no such dependence [1, 2]. For exam-

ple, band gap and thermal conductivity of different polytypes differ due to their structure as

shown in table I.1. Due to smaller band gap, 3C-SiC provides some advantages over other

α phases such as isotropic electron Hall mobility which is higher than 4H and 6H poly-

types. In contrast, mechanical properties of SiC show dependence on microstructure (grain

size and morphology), impurities at grain boundaries, and structural defects (porosity). In

fact, mechanical properties of two most commonly used polytypes of SiC (6H and 3C)

show similar trend as found in several references [3, 47]. For comparison, table I.2 shows

common mechanical properties usually determined in experimental studies for β-SiC and

6H(α)-SiC. From these data one can conclude that different polytypes have little/no effect

on mechanical properties of SiC.

Mechanical Property 3C-SiC 6H-SiC

Elastic modulus (GPa) 392 – 448 410 – 450
Vicker’s hardness (GPa) 20.7 – 24.5 24.9 – 26.7
Flexural strength (MPa) 360 – 424 340 – 420
Fracture toughness (MPa m1/2) 2.6 – 3.7 2.6 – 3.4

Table I.2: Mechanical properties of two most commonly found SiC polytypes [2, 3]

I.2 Synthesis of SiC

Berzelius, a Swedish chemist, was the first to report the probability of existence of SiC as

a compound in nature in 1824 [48]. Later, it was separately experimentally synthesized

in the laboratory by Despretz (1849), Schutzenberger (1881), and Moissan (1891) [49].

Moissan also discovered natural silicon carbide in an iron meteorite, hence the mineral

name “moissanite” after his name. However, it was Edward Goodrich Acheson who came

up with the process for large scale SiC production in 1891 [50] and the process was named

4



after his name as “Acheson process”. In this process, a mixture of silica and coke were

heated to a very high temperature of 2600°C to produce SiC by the following reaction:

SiO2 + 3 C −→ SiC + 2 CO

The Acheson process has been one of the most widely used commercial process for

large scale SiC production. α-SiC is produced by higher temperature reaction (2200°C

to 2600°C). SiC crystals produced in this process are then milled and purified to obtain

a commercial grade silicon carbide powder. Alternatively, β-SiC powder is produced by

carbothermal reduction of high purity silica by carbon black in the temperature range of

1500 – 1800°C.

There have been few other synthesis methods that are being used for producing SiC

powder. Among them, sol-gel method uses reaction of silicon and carbon at high tempera-

ture to produce SiC power [51, 52]. Gas phase synthesis method utilizes reaction between

SiH4 or SiCl4 and hydrocarbon such as CH4 [53, 54]. Polymer precursor route is another

promising process for synthesis of high purity, nanocrystalline SiC. In this process, ceramic

is derived from thermal decomposition of preceramic organosilicon polymer [55]. Advan-

tage of polymer pyrolysis includes lower average processing temperature, hence control

over microstructure of the produced powder.

I.2.1 Preceramic polymers for SiC synthesis

Silicon carbide fibers were first fabricated by Yajima et al. using a preceramic poly-

mer [56]. After that, polymer derived silicon-based ceramics has been an active area of

research. Yajima et al. used polycarbosilane (PCS) as polymer precursor. In PCS the 1:2

Si:C ratio results in excess carbon in the SiC fiber and due to this excess carbon, the me-

chanical properties of this nonstoichiometric amorphous SiC fiber is inferior compared to

bulk, crystalline stoichiometric SiC [57]. Also, excess carbon limits the fiber application

5



temperature to ∼ 1200°C, since, at higher temperature oxygen reacts with silicon and car-

bon to produce gaseous products and affects the fiber properties [57]. In order to achieve

stoichiometric SiC, different polymer precursors with 1:1 Si:C were explored. Polymethyl-

silane (PMS) and polysilethylene (PSE) are two such polymer precursors. Pyrolysis of

PMS produces excess silicon with low ceramic yield. Excess silicon reduces oxidative sta-

bility at higher temperature and can compromise the integrity of the ceramic part due to

swelling at higher temperature. Polysilethylene (PSE) produces improved materials, but

requires an expensive method of preparation.

To address the issue of excess C or Si, efforts have been made to achieve stoichiometric

SiC from polymer precursors. Researchers have explored blends of polymer or copolymer

precursors to fabricate stoichiometric SiC. Some of them have succeeded to fabricate near

stoichiometric SiC with ceramic yield of ∼60% [58, 59]. Problem with these precursors

are their synthesis are multistep with low chemical yield making them expensive [60].

Figure I.2: Nominal structure of AHPCS [6]

Other than stoichiometry of SiC, there are certain requirements that must be met for

the preceramic polymer to be useful [61]. First of all, the preceramic polymer must be in

a form that is processable by conventional processing technique. Depending on its appli-

cation, there might be requirements of solubility in organic solvent, fusibility for forming

stable melt if it is a solid, and for some applications, there might be requirements of liquid
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precursor of different viscosity. Finally, an important requirement for a polymer precursor

to be useful is, high ceramic yield upon pyrolysis. The desirable ceramic yield is ∼80% or

higher.

Considering all these requirements, the polymer precursor used in this study is allyl-

hydridopolycarbosilane(AHPCS) which is commercially available. AHPCS is a modi-

fied version of a higly branched polycarbosilane HPCS (hydridopolycarbosilane). Whit-

marsh et al. [62] first reported successful synthesis of AHPCS by Grignard coupling of

(choloromethyl)trichlorosilane that produced chloropolycarbosilane, then a small percent-

age (5-10%) of Si-H group was substituted with Si-allyl group before reduction with lithium

aluminum hydride to produce AHPCS. As shown in figure I.2, AHPCS has a nominal struc-

ture of [Si(CH2CH=CH2)2CH2]0.1[SiH2CH2]0.9 [63]. Like HPCS, AHPCS has a 1:1 Si:C

ratio and high ceramic yield with low volume shrinkage [63]. It is stable in air for several

hours and has a low modifiable viscosity [64]. According to Starfire Systems Co. (Malta,

NY) AHPCS has a ceramic yield of ∼80–85% [4]. AHPCS has been widely evaluated as

potential candidate for coating material, as a binder for ceramic powders as well as a source

of matrix for ceramic matrix composites [65].

Property SMP–10 (AHPCS)

Density 0.998
Appearance Clear, Amber liquid
Viscosity 45 to 120 cps at 25◦C
Solubility Hexanes, Toulene, Insoluble in water
Flash Point 89◦C (192◦F)
Moisture Absorbtion < 0.1% in 24 hrs at room temperature
Nominal Cure Temperature 250 to 400◦F
Surface Tension 30 dynes/sq.cm

Table I.3: Properties of AHPCS [4].

The properties of AHPCS are listed in table I.3, as provided by Starfire systems. Ac-

cording to Starfire systems, the polymer cures to a green body at a temperature of 180–

400°C and converts to a fully ceramic amorphous SiC at 850–1200°C with minimal shrink-

age.

7



I.3 Processing of SiC

Bulk processing of SiC is considered difficult due to strong covalent bond in Si–C and

low self diffusivity. Sintering is the most commonly used technique for densification of

powder SiC into bulk form. Sintering is a thermal treatment process on loose particles to

bond them into coherent solid structure via mass transport that occur on atomic scale [66].

Densification and grain coarsening are two competing mechanisms during sintering. The

driving force for sintering is the minimization of the total interfacial energy. So, the pro-

cess is modeled as a function of change in interfacial energy (densification) and change in

interfacial area (grain growth) as shown in Eqn I.1 [7].

∆(γA) = (∆γ)A+ γ(∆A) (I.1)

Where γA is the total interfacial energy of the powder compact, A is the total surface

area, and γ is the specific surface energy. So, ∆(γA) represents the total change in interfa-

cial energy due to densification and grain coarsening. γ(∆A) represents grain coarsening

as there is only change in interfacial area while interfacial energy remains same. And fi-

nally, (∆γ)A represents densification where ∆γ relates lowering the surface free energy

by replacement of solid/vapour interface by solid/solid interface. This process is shown in

fig I.3.

In a broad sense, sintering can be classified into two main mechanisms, namely, solid

state sintering and liquid phase sintering. In solid state sintering, densification occurs

through lattice and grain boundary diffusion of mass without any presence of wetting liquid

at the grain boundary. During solid state sintering the powder compact undergoes three dif-

ferent stages [67]. In the initial stage, inter-particle neck growth takes place with center to

center approach of several percent through surface diffusion, vapor transport, plastic flow

or viscous flow. Surface diffusion is dominant among these processes as lower energy is re-

quired to break fewer number of interatomic bonds during this process. In the intermediate

8



stage, the inter-particle necks grow and grain boundary diffusion moves atoms to fill pores

so as to satisfy the force balance in the triple junction defining a dihedral angle. This angle

depends on the sold-vapour to solid-solid surface energy ratio. Initially, the pore phase is

continuous interconnected channel throughout the triple surface intersections. Eventually,

continuous shrinkage in the pore phase makes it discontinuous and results in almost ∼

20% shrinkage in this stage. During the final stage, pore phase continually shrinks and en-

trapped at the four grain corners as closed spheres. In ideal case, these pores would shrink

to zero size in stable manner with the material becoming dense solid reaching the theoreti-

cal density. However, instead of complete pore shrinkage, exaggerated grain growth occurs

through bulk and grain boundary diffusion resulting in reduced grain boundary area. Den-

sification during this step is close to 3–5%. Fig. I.4 depicts different diffusion mechanisms

taking place during solid state sintering.

Liquid phase sintering (LPS) can be considered a sintering mechanism of two phase

systems where one phase is in liquid form during the sintering process (Fig. I.5). Usually,

Figure I.3: Two competing mechanisms during sintering under the driving force for sinter-
ing [7].
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Figure I.4: Different diffusion mechanisms taking place during sintering in a three particle
array [8].

4 – 15 wt% of additive is added as a secondary phase in LPS. Decrease in surface area of

pores in the liquid phase is responsible for the change in free energy and considered the

driving force for sintering in this case. For complete densification the requirements are, (1)

an appreciable amount of liquid forming during sintering, (2) reasonable solubility of the

solid in the liquid phase, and (3) complete wetting of the solid [68]. LPS consists of three

distinct stages [69]. The first stage is the redistribution of the liquid phase and rearrange-

ment of the solid particles under capillary pressure gradients. After reaching the sintering

temperature the additive wets the solid surface by forming liquid and surface tension forces

particle rearrangement. Particle rearrangement is favored by distribution of the liquid phase

between particles and inside pores caused by the capillary pressure. In this case, the solid

particles have to be wet properly by the liquid phase. This depends on the surface tension

of the liquid in general. Liquids with low surface tension provides better wetting capability

compared to liquids with high surface tension. Increase in packing efficiency is responsi-

ble for sharp density increase during this stage. The second stage is densification through
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solution re-precipitation and grain shape accommodation. In the solution re-precipitation

process atoms usually dissolve from smaller particles into the liquid inter-granular phase

and then precipitate onto the larger particles. The rate of this process depends on the solu-

Figure I.5: Schematic representation of different stages of liquid phase sintering [9].

bility of the solid phase into the liquid phase. Grain coarsening results in pore elimination

by grain shape adjustment through out this process. In the final stage, densification slows

down as the microstructure consists of connected solid grains with liquid occupying spaces

between the grains. This stage is similar to solid-state sintering where grain growth contin-

ues as the compact sinters to full density or trapped gas in the pores stop densification.

Based on these sintering mechanisms several sintering techniques have been utilized to

densify ceramic material. They are briefly discussed below.
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I.3.1 Pressureless sintering

This is also known as high temperature sintering. In this method, high temperature for

longer duration is used to sinter highly covalent material. Since no external pressure is

applied, this method provides the possibility of any size and shape of sample. However,

absence of pressure makes the densification difficult. To improve the process, additives can

be used. These binder materials can also cause decomposition reactions (especially oxide

additives) as the sintering takes place at very high temperature for longer durations and

thereby hinder the densification process.

Prochazka was the first to sinter silicon carbide with small amount of carbon and boron

using pressureless sintering [70]. Later several authors have reported sintering silicon car-

bide using pressureless sintering. Mulla et al. have used small CO pressure for sintering

SiC with addition of Al2O3 [71]. This inhibited the reaction between SiC and Al2O3 and

improved densification. However, free Si phase was formed during the sintering process

that is detrimental for high temperature mechanical properties. Moreover, exaggerated

grain growth occurred due to longer sintering time (≥ 30 min).

I.3.2 Hot pressing (HP)

To avoid longer sintering time with higher sintering temperature, pressure is simultane-

ously introduced during sintering and this process is termed as hot pressing. This external

pressure acts as a driving force for densification by increasing the rearrangement of the

particles. Moreover, during the final stage of sintering this external pressure acts against

the internal pore pressure favoring reduction of porosity without exaggerated grain growth.

Use of lower sintering temperature in hot pressing allows densification with finer equiaxed

grains. It also enables sintering without the use of secondary phase. For this reason, highly

covalent ceramics like silicon carbide or silicon nitride can be sintered to bulk dense bodies

using hot pressing. Nonetheless, hot pressing is associated with very high production cost

and its use is limited in industry. Moreover, this process is limited to sintering only simple
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shapes and also has restriction on the size of the part that can be sintered.

Lange reported hot pressing behavior of SiC using Al2O3 as binding agent [72]. SiC

was sintered to near theoretical density under 28MPa pressure and 1950°C sintering tem-

perature for 1 hour. Al2O3 formed a liquid phase during sintering and resulted in a fine

microstructure with grain size between 2 – 4 µm. Recently, other researchers have used

hot pressing to sinter SiC using different additive systems close to theoretical density [73,

74]. Room temperature mechanical properties were found to be excellent due to finer mi-

crostructure. However, mechanical properties degraded rapidly at higher temperature due

to softening of the amorphous grain boundary phase.

I.3.3 Hot isostatic pressing (HIP)

Hot isostaic pressing is similar to hot pressing except the pressure is applied isostatically

by a gas. Argon or nitrogen is generally used for exerting pressure in HIP-ing. In this

method, a glass or metal container is used to hold the green body under vacuum and placed

in a pressure vessel. During sintering a few thousand psi pressure is maintained on the

green body by a compressor and gas pressure is increased to higher value so that the closed

porosity collapse before complete densification. HIPing can be done to a temperature of

2200°C and a pressure of 200 MPa. This technique provides the ability to process complex

geometry unlike hot pressing. HIPing is commercially used to remove closed porosity in

metal castings.

Since HIPing provides ability to produce finer microstructure, the influence of smaller

grain size on mechanical properties of SiC was investigated by Vassen et al. [75, 76] us-

ing HIPing. In that study, material was fabricated using hot isostatic pressing (HIP) of

nanograined SiC powder of particle size 20 nm with 1 wt% of boron and 1 wt% of car-

bon as additives. Temperature of 1700°C and pressure of 350 MPa were used for sintering

SiC with grain size of 150 nm. Subsequently, a modification of the fabrication process

in the form of heat treatment before HIPing led to reduced grain size of 80 nm in the fi-
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nal product. Vickers hardness measurement as a function of grain size revealed grain size

dependence of hardness similar to Hall-Petch effect. Liquid phase sintering of ceramics

leads to nanocrystalline superplastic ceramics where intergranular glassy phase promotes

grain boundary sliding. In case of solid state sintering it is difficult to fabricate nanocrys-

talline ceramics since it requires higher temperature that leads to grain growth. Shinoda et

al. have used 3.5% C and 1% B as additives in hot isostatic pressing of SiC to fabricate

nanocrystalline SiC-B, C with an average grain size of 200 nm. Total percent elongation

of about 140% was observed at 1800°C tensile experiment. This superplastic behavior was

attributed to boron segregation at grain boundaries to promote grain boundary sliding [77].

I.3.4 Ultra high pressure sintering (UHP)

In ultra high pressure (UHP) sintering, applied pressure is in the range of 4 – 8 GPa [78–80].

Ultra high pressure allows lower sintering temperature and additive free dense bulk sam-

ples. Moreover, UHP sintering requires very short sintering time resulting in fine mi-

crostructure of the sintered compact. However, application very high pressure restricts its

use in commercial application as complex geometry can not be sintered using this method.

Qian et al. sintered diamond-SiC composites using UHP method in the temperature

range of 1400 – 2000°C with pressure ranging from 6 – 8 GPa [81]. Void free compos-

ites sintered in this work had superior properties compared to diamond-SiC composites

prepared using liquid silicon infiltration technique. In another work, Gadzira et al. used

fine silicon and natural graphite particles to produce SiC by self-propagating synthesis pro-

cess [79]. 1400°C sintering temperature and 4 GPa pressure led to SiC-C solid solution

composite with microhardnes of 40 GPa. However, raising the sintering temperature to

1600°C and pressure to 6 GPa disintegrated the SiC-C solid solution and decreased the

microhardness to 29 GPa. In a similar work, Gadzira et al. obtained defect free β-SiC

structure using UHP sintering [78]. Raman spectroscopy study indicated C-C sp3 bonds

which was attributed to the carbon antisites in the SiC structure. Formation of a SiC-C
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solid solution led to reduction of the β-SiC lattice parameter.

I.3.5 Spark plasma sintering (SPS)

Even though the techniques discussed above enable sintering of silicon carbide with binders

to near theoretical density, use of binders affects mechanical properties of SiC. Binders af-

fect its ability to maintain excellent mechanical properties at higher operating temperature

as these additives segregate at the grain boundary and form a glassy secondary phase. This

secondary phase softens at high temperature and significantly reduces mechanical strength

of SiC. Moreover, most of these techniques provide no control over the microstructure of

the compact being sintered. These shortcomings can be overcome using a novel sinter-

ing technique called spark plasma sintering (SPS). The SPS process involves simultane-

ous application of uniaxial pressure and pulsed current to the powder mixture placed in

graphite dies. The schematics of the SPS process and associated mechanisms are presented

in Fig I.6. The unique effects during SPS including, joule heating at the particle contacts

and/or localized sparks at the gaps between particles cause localized surface heating and

solid state sintering of the powder. Since the heating effects under the influence of elec-

tric current are localized at the powder surface, the SPS process allows sintering of the

powder without significant grain growth [82]. This is a great advantage over conventional

hot pressing where grain growth is unavoidable due to bulk heating of the samples. Fur-

thermore, the surface activated mechanisms cause full densification with SPS within much

shorter time (typically less than 20 minutes) and at significantly lower temperature (<2000

°C) compared to conventional hot pressing. With these unique effects, SPS processing is

expected to initiate nanocrystallization and retain the nanostructured grain size in the bulk

samples.

The sintering mechanism behind the SPS process is still not well understood. Espe-

cially, the formation of ‘plasma’ as proposed by Tokita is still neither proven nor dis-

carded [10]. Recently, Hulbert et al. reported the absence of plasma during SPS pro-
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Figure I.6: Schematic of (a) Spark plasma sintering setup, (b) mechanisms of sintering [10].

cess [83, 84]. In that work, three different experimental techniques were used, namely, in

situ atomic emission spectroscopy, direct visual observation, and ultrafast in situ voltage

measurements to prove the absence of plasma. To support their claim, different materials

were sintered using different sintering conditions. Even though the presence of plasma is

debatable, it is generally accepted that the contact area of the particles reaches tempera-

ture above melting temperature of the material and leads to localized melting that favors

inter-particle bonding. However, this overheating is a surface phenomena as the temper-

ature gradient is very steep along the radius of the particle and does not affect the bulk

sample as a whole [85]. Zhaohui et al. recently proposed four steps for the SPS process

based on the microstructural evolution [86]. The first step is activation and refining of the

powder. In this step, localized heating of the particles due to spark discharge activates the

particles and surface oxide layer is removed by voltage breakdown effect. Next step is the

formation and growth of the inter-particle neck. As the surface of the particles become

activated spark discharge becomes stronger favoring mass transport by evaporation, con-

densation and diffusion leading to neck formation and neck growth. When all the particles

are interconnected, spark discharge effect stops and joule heating becomes the main mode
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of heating and densification. That is the third step of SPS process. Finally, plastic deforma-

tion of the particles due to the applied pressure enhances densification and completes the

SPS process.

One concern in SPS process is the measurement of the sample temperature during sin-

tering [87]. Usually either a thermocouple placed inside a hole near the sample or an optical

pyrometer is used to measure the sample temperature during SPS. Using a thermocouple

gives temperature measurement close to the actual temperature of the sample. However, at

higher sintering temperature use of thermocouple is difficult. Hence, pyrometric measure-

ment is used for higher sintering temperature. During pyrometric measurement, the pyrom-

eter is focused on the external surface of the die. This works well when the heating rate is

very low that permits thermal equilibrium, but there is discrepancy in measured tempera-

ture when higher heating rate is used. Moreover, temperature distribution depends on the

thermal conductivity of the sample and the die. The discrepancy in measured temperature

can be as high as 100°C for higher sintering temperature with higher heating rates [88,89].

To avoid the negative effects of sintering additives, spark plasma sintering technique

has recently been used to consolidate bulk SiC. Since very high heating rates (up to 600

°C/min) are achievable using SPS due to the passage of high amount of pulsed direct cur-

rent through graphite dies and punches, grain growth during densification of nanostruc-

tured SiC can be inhibited due to exposure to high temperatures for very short time [82].

Yamamoto et al. used SPS to consolidate SiC powder prepared using mechanical alloy-

ing of commercially available Si and C powder [90]. Although dense SiC ceramics were

prepared using this method, mechanical properties were lower compared to commercially

available SiC powder consolidated with additives using SPS. More recently, Guillard et al.

and Lara et al. have carried out parametric study to understand the effect of time, tempera-

ture and pressure on densification of SiC without the use of additives during SPS [91, 92].

While temperature and pressure played a vital role in densification process, grain growth

was found to be restricted to ∼ 100 nm with the use of higher pressure (150 MPa) at the

17



same sintering temperature. Zhang et al. investigated the effect of granulation process on

the microstructure and mechanical properties of SiC sintered using SPS [93]. Binderless

granulation process resulting in 80 µm granules was considered the key factor in accelerat-

ing the densification process reaching a relative density of 98.5% at 1860°C. However, this

process led to coarse-grained (2.05 µm) microstructure even at a sintering temperature of

1860°C. Lomello et al. used laser pyrolysis to prepare β-SiC nanopowders as initial pow-

der for SPS [94]. Although use of this technique to prepare initial powder seems beneficial

as the mean particle size was 16.6 nm, presence of 5 wt% oxygen and 1 wt% free carbon

as a by-product in the initial powder hinders the densification process, more importantly,

has detrimental grain coarsening effect.

I.4 Fillers used for SiC matrix

Even though SiC has excellent mechanical properties, its application has been limited due

to lower fracture toughness of the material [21–23]. To induce crack resistance in SiC,

fillers such as whiskers, particulate or carbon fibers have been studied over the years [11,

95–97]. Reinforcing SiC with carbon fibers not only overcome low toughness issue but also

the high flaw sensitivity of monolithic SiC ceramics [11]. It has been reported that the in-

terfacial bonding between carbon fiber and SiC dominates the mechanical properties of the

composite [98]. Fiber debonding and pullouts mechanisms, which occur at the fiber-matrix

interface when the interface is neither very strong nor weak, increases the toughness of

carbon fiber reinforced SiC (Fig I.7) [11]. Various processing techniques such as Chemical

Vapor Infiltration (CVI), Liquid Polymer Infiltration (LPI), and Melt Infiltration (MI) have

been sued to fabricate SiC/C composites. However, these methods are often associated with

high processing cost and time consuming. Furthermore, oxidation of carbon fiber during

processing is detrimental to properties of the composite. As an alternative, short carbon

fiber reinforced SiC composite have been fabricated due to its ease of processability us-

ing spark plasma sintering . However, sintering additives have been used during sintering
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Figure I.7: SEM image of polished surface of the short carbon fiber reinforced SiC com-
posites at 1650°C and 25 MPa [11].

process in order to aid densification [11, 95]. Similar studies on carbon-fiber reinforced

SiC is also studied by Tang et al. where volume percentage of C fiber was varied and the

composite was processed using hot pressing [97]. Even tough carbon fiber-SiC composites

have been well studied for quite some time now, none of these studies reported significant

improvement in fracture toughness for SiC ceramics. Note that the SiC ceramic matrices

in most of these investigations had micro-grained structure (grain size significantly greater

than 100 nm) with diameters of carbon fibers in the range of 5-25 µm.

Figure I.8: SEM image of Intergranular crack growth in a 5.7 vol % SWCN Al2O3

nanocomposite [12].
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Recently, carbon nanotubes (CNTs) are attracting significant attention as potential tough-

ening agents in micro-grained ceramics due to its excellent properties, such as low density,

high aspect ratio (1000-10000), tensile strength (150 GPa), and an elastic modulus of 1

TPa [28]. Initial investigations on toughness of CNT/ceramic composites indicated little

or no improvement in fracture toughness due to difficulties such as dispersion of CNT in

matrix, and methods used for determining fracture toughness that failed to uncover the ac-

tual failure mechanism. Zhan et al. have observed three fold increase in fracture toughness

for 10vol% CNT-Al2O3 compared to pure alumina [12]. Toughening of SWCNT rein-

forced Al2O3 is clearly seen in Fig I.8 below, where mode of failure is intergranular [28].

Recently, CNT reinforced ceramics composites were processed using powder metallurgy

routes where dispersion of CNT in the matrix were achieved by ball milling using high

energy ball mills. It should be noted that conventional hot pressing was avoided while

compacting these materials as hot pressing might damage CNTs and degrade their proper-

ties [12]. It was observed that conventional sintering techniques like hot pressing were not

helpful in compacting these composites as sintering this composites at higher temperatures

for longer time results in damaging of CNTs. Furthermore, the higher temperatures asso-

ciated with hot pressing can result in detrimental β-SiC to α-SiC phase transformations

of the matrix. In a recent investigation, Ma et al. reported only incremental ( 10%) in-

crease in toughness for CNT reinforced SiC composites processed using conventional hot

pressing [26]. While significant progress has been made towards using chemical, mechan-

ical, and ultrasonic methods to enhance the dispersion of the CNTs in various matrices, the

non-uniform distribution of CNTs is still a serious issue. High quality carbon nanotubes

dispersed effectively in the ceramic matrix is very essential in order to carry loads and

transfer stress which results in toughening of the ceramic.

It can be seen from the aforementioned review that nano-fillers play an important role

in determining the mechanical and functional properties of ceramics. Hence selection of

proper nano-filler and its dispersion dominates the changes that are to be expected from the
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resultant compositse.

I.5 Graphene

Graphene is a one atom thick 2-D layer of sp2 carbon arranged in a honeycomb lattice [13,

44]. It is considered the building block of different forms of carbon such as fullerene,

carbon nanotube and graphite. While fullerene and carbon nanotube can be visualized as

graphene rolled into spherical and cylindrical shape, graphite is basically graphene sheets

stacked together to form a 3-D structure (fig. I.9). In graphene, each carbon atom forms

Figure I.9: Graphene as a building block for fullerene, CNT and graphite [13].

bonds with its 3 nearest neighbors in the hexagonal structure. 3 valence electrons are re-

sponsible for these 3 σ bonds between the atoms. These covalent bonds give graphene

its unique mechanical and thermal properties. The remaining valence electron forms the

π band perpendicularly oriented to the molecular plane and dominates the planar conduc-

tion [99]. Graphene existed as a theoretical material for many years [99]. Earlier it was
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considered that 2 dimensional material would be thermodynamically unstable and could

not exist [100, 101] until it was produced by a simple mechanical exfoliation method by

Geim’s group in 2004 [102].

I.5.1 Graphene synthesis

After Geim’s group produced single layer graphene, there have been many reports of dif-

ferent methods of producing graphene. Geim’s group produced graphene by mechanical

exfoliation of highly oriented pyrolytic graphite (HOPG) using a scotch tape. It is a peeling

process where HOPG was dry etched in oxygen plasma to make 5 µm deep mesa that were

stuck on to the photoresist and peeled off by scotch tape. Thin flakes were then washed

in acetone and transferred to silicon substrate that were single or multiple layer graphene

flakes. Although this method is easy and repeatable, it is inefficient for large-scale commer-

cial production of graphene sheets. Exfoliation of graphite in liquid phase has also been

proposed by several research groups. Stankovich et al. used ultrasonication of graphite

oxide and exfoliated graphite oxide nanosheet in aqueous suspension followed by reduc-

tion using hydrazine hydrate at 100°C for 24 hour [103]. However, oxygen was left in the

structure resulting in partially reduced exfoliated nano-graphite oxide sheet. In a similar

approach, Hernandez et al. and Lotya et al. separately used ultrasonication of graphite in

N-methyl-pyrrolidone and sodium dodecylbenzene sulfonate respectively to produce single

and few layer graphene [104,105]. This method seems to be promising for large scale pro-

duction of graphene. One concern using the liquid exfoliation is the defects created in the

graphene sheets during ultrasonication. Another method used for production of graphene

layers is thermal decomposition of SiC and is of interest in the semiconductor industry.

This method involves heating SiC to high temperature between 1000°C to 1500°C in ultra-

high vacuum and sublimate Si from the structure. This leaves a carbon rich layer on the

surface [106]. Few layer graphene has been produced by thermal decomposition of SiC. It

required preparation of the Si face of 6H-SiC single crystal by oxidation first, followed by
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electron bombardment in ultra-high vacuum to 1000°C for removal of oxide layer. Finally,

heating the samples to 1250–1450°C produced few layer graphene that had mobilities of

1100cm2V−1s−1 [107]. Even though this method is successful in producing high quality

graphene layers, controlling the number of layers and effect of SiC interface in the pro-

duced film are still some concern. Chemical vapor deposition (CVD) growth of graphene

Figure I.10: Graphene film produced by Bae et al. using CVD process, (A) Schematic of
graphene film grown on copper foil and transferred to another substrate, (B) Roll-to-roll
transfer process, (C) Transparent large graphene film on PET sheet, and (D) Flexibility of
graphene/PET sheet [14].

on substrate is another promising method for preparing high quality single and few layer

graphene. Somani et al. were the first to report producing few layer graphene films on

Ni foil using camphor utilizing CVD process [108]. Advantages of this method includes

production of high quality graphene and ability to transfer the film to any other substrate by

etching the metal substrate. For metal substrates with high carbon solubility (> 0.1 atomic

%) such as Co or Ni, the carbon is dissolved into the substrate at growth temperature and

subsequently precipitated on the substrate by faster cooling to form few layer graphene

films [109]. Metal substrates with low carbon solubility like Cu requires a sequence of

steps to grow graphene film [110]. First, exposure of methane and hydrogen to Cu forms

CxHy on the surface and depending on the temperature, methane flow, methane pressure

and hydrogen partial pressure the surface can be undersaturated, saturated or supersatu-
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rated. These CxHy species on supersaturated Cu surface forms nuclei and grows to form

graphene island. Process temperature, methane flow rate and partial pressure of methane

dictates how well the graphene islands cover the Cu substrate. In a recent report, Bae et

al. demonstrated roll-to-roll production of ultra-large (30 inch) graphene film using CVD

method [14]. This process gained a lot of attraction as graphene film was grown on Cu

substrate and transferred to a target substrate without loosing important properties or in-

ducing ripples in the film. Briefly, their process includes, adhesion of polymer support to

the graphene film on Cu foil, chemical etching of the Cu foil and finally transferring the

graphene film onto a new substrate (PET) as shown in fig. I.10.

Apart from the methods described here, there are few other methods that have been used

to produce single or few layer graphene such as molecular beam deposition or unzipping

carbon nanotubes [111,112]. Molecular beam deposition was used recently to form several

layers of graphene on Ni substrate. Thermal cracker was used to break down ethylene gas at

1200°C and C was deposited on Ni substrate at 800°C. The difference between this method

and CVD is, carbon is not absorbed into the substrate before forming graphene films on

the substrate. Unzipping of multiwalled carbon nanotube (MWCNT) has been also shown

form graphene sheets. In this method, MWCNTs were suspended in H2SO4 and treated

with KMnO4 to produce oxidized graphene nanoribbons that were subsequently reduced

chemically. Using this method, however, deteriorate electrical properties of the graphene

sheet.

I.5.2 Properties of graphene

Graphene or few layer of graphene possess a combination of unique set of electrical, op-

tical, and mechanical properties. Especially, these properties provide a way to overcome

the shortcomings of other materials that are currently being used or worked on. So far,

graphene has been studied for its electronic properties exhaustively. At room temperature,

graphene with high electron mobility of 2000 cm2V−1s−1 allows for unusual quantum Hall
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effect (QHE) for both electrons and holes [113, 114]. Morevoer, high mobility, and sensi-

tivity to field effect made graphene to be an alternative to carbon nanotubes for field-effect

transistors [115]. Graphene mobility can be enhanced by removal of the substrate. In case

of suspended graphene mobility exceeds 200,000 cm2V−1s−1 which is larger than reported

for any other semiconductor or semi-metal. Another interesting property of graphene is

its linear dispersion curve near the Dirac point. This has prompted observation of differ-

ent quantum electrodynamic properties. However, devices such as sensors or transistors

require non-linear effects for amplification of signals. Unfortunately, as a zero band gap

semiconductor graphene can not be used for fabrication of such devices. Several attempts

have been made to create a band gap in graphene for device fabrication. By including de-

fects in the form of sp3 hydrocarbon in sp2 lattice or by distorting sp2 lattice under uniaxial

strain a gap can be induced in graphene. Another way of inducing bandgap is to carve

graphene into a ribbon-shape. The gap varies with the width of the nano-ribbons.

Graphene has∼98% transmittance property that makes it highly transparent to light [115].

Combined with electrical properties, this optical property paves the way for new applica-

tions of graphene in optoelectronics and photonics. Transparency of graphene film de-

creases linearly with film thickness or number of layers. Even with 10 nm thickness

the transmittance is 70% for graphene layers. Indium tin oxide (ITO) is used a standard

material as transparent electrodes. It has 40Ω/sq sheet resistance and 80% transparency.

Graphene with a higher transmittance and lower resistance can be used as a transparent

electrode for solar cells if low cost production of graphene is possible by chemical exfoli-

ation.

In electronic devices, dissipation of heat during usage is an important factor for bet-

ter performance and longevity. As graphene is considered for electronic devices, it is no

surprise that thermal conductivity of graphene is also a matter of interest for the scientific

community. In the past, allotropes of carbon like graphite, diamond or carbon nanotube

(CNT) have shown high thermal conductivity due to the covalent bonding between C atoms
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Figure I.11: Mechanical properties of graphene. (a) Schematic representation of AFM
indentation on suspended graphene. (b) experimental and simulated (red line) load-
ing/unloading curve for AFM indentation of graphene [15].

and phonon scattering. Both CNT and MWCNT are shown to have thermal conductivity of

∼3000–3500 W/mK at room temperature [116,117]. Nonetheless, high thermal contact re-

sistance still dominates CNTs usage in devices. Recent thermal conductivity measurement

of pure defect free graphene has shown that graphene can have the highest room temper-

ature thermal conductivity of 5000 W/mK. This only applies for free standing graphene

sheet. However, use of substrate reduces thermal conductivity to 600 W/mK [118]. More-

over, edge scattering and isotopic doping have detrimental effect on thermal conductivity

of graphene.

Mechanical properties of graphene has been much less investigated compared to its

electronic and optical properties until recently. Like other allotropes of carbon (CNT),

graphene also possess excellent mechanical properties. Recent investigation of suspended

graphene sheet using AFM nanoindentation by Lee et al. revealed that graphene is the

strongest material ever measured with elastic stiffness of ∼340 N/m and breaking strength

of ∼42 N/m [15]. These values translates to 1.0 TPa Young’s modulus and 130 GPa intrin-

sic strength for bulk graphite. Moreover, graphene can sustain more than 20% local strain

before fracture. Fig. I.11 illustrates the method used by Lee et al. for measuring mechanical

response of suspended graphene. In a separate study, it was shown that intrinsic strength

of graphene film reduces slightly as the number layers is increased from single (130 GPa)

layer to 3 layers (101 GPa) [119].
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I.5.3 Graphene nanocomposites

As described above, the properties of graphene, such as Young’s modulus of 1TPa and ul-

timate strength of 130 GPa, make it one of the strongest materials available [15, 44, 45].

Moreover, graphene is considered to have super-electrical properties and very high thermal

properties [44, 120]. Furthermore, graphene is expected to be 500 times less expensive

compared to carbon nanotubes and it does not have the stringent dispersion and align-

ment requirement for using in composites [121]. One of the possible ways to utilize these

unique properties of graphene is to use it as nanofillers in polymer nanocomposites. Un-

like conventional polymer composites only a small volume of graphene is required for

enhancement of properties. Due to the aforementioned attributes of graphene significant

research interest has been attracted towards graphene reinforced polymer nanocompos-

ites [44, 120–129]. Yasmin and coworker reported 25% increase in elastic modulus for

5-wt% graphite platelet reinforcement and 21% increase in tensile strength for 2.5-wt%

graphene in epoxy matrix [121]. This increase in strength and modulus was attributed to

high aspect ratio of graphite platelet along with better interfacial adhesion between epoxy

and graphene. Ramanathan et al. used 0.05 wt% functionalized graphene sheets (FGS) as

nanofiller in poly(methyl methacrylate) to observe remarkable 30 C improvement in glass

transition temperature. Moreover, 33% increase in elastic modulus for only 0.01 wt% of

FGS reinforcement was reported [122]. Wakabayashi et al. used solid state shear pulveriza-

tion to make graphite polypropylene (PP) composite [130]. Addition of 2.5 wt% graphite

lead to 100% increase in Young’s modulus and 60% increase in yield strength compared

to neat PP. Using melt mixing polymer solution and coating Kalaitzidou et al. prepared

polypropylene-exfoliated graphene composites [125]. Coating method was found to be

more effective than solution method for improvement of flexural strength up to 30% and

flexural modulus up to 167% at 10vol%.

It is evident that the graphene/polymer nanocomposite system is well studied for quite

some time now. However, graphene/ceramic composite system has not been well stud-
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Figure I.12: SEM images of fractured surfaces of Al2O3 with 1 vol % graphene
nanosheets [16].

ied till now. Most of the studies published so far indicates the possibility of improvement

in properties due to addition of graphene in ceramic matrix. It has been reported that

graphene nanosheet reinforced Al2O3 showed a percolation threshold of 3 vol%, however,

for 15 vol% graphene nanosheet reinforcement electrical conductivity was increased to

5709 S/m which is 170% higher while compared with the result available for CNT rein-

forced Al2O3 [16]. This improvement in electrical conductivity was attributed to network

like structure of graphene in the composite (Figure I.12). It was also observed that graphene

nanosheet restrained grain growth of Al2O3 in the composite during spark plasma sintering

process [131]. Excellent improvement ( 53%) in fracture toughness of alumina by graphene

reinforcement has also been observed by Wang et al. [131]. This improvement in fracture

toughness was mainly due to crack bridging and nanosheet pulling out. Liu et al. reported

toughening of a multi-component system of ZrO2-Al2O3 by graphene nanoplatelet [132].

Addition of graphene platelet increased fracture toughness by 40% by various extrinsic

toughening mechanisms. Walker et al. reported a remarkable 235% increase in fracture

toughness of Si3N4 by only addition of 1.5vol% [133]. This increase in fracture toughness

was attributed to proper processing of the composite and a new toughening mechanism (out

of plane crack deflection) that was observed for these composites. In their work, disper-

sion of the graphene was achieved by colloidal processing and compaction was obtained by

spark plasma sintering. Recently, graphene-Si3N4 system has also been studied for tribo-

logical properties [134]. It was found that at lower wt% addition graphene bonds strongly
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to the matrix and does not provide any wear resistance. However, 3wt% graphene addition

reduced wear rate by 60% compared to monolithic Si3N4.

In most of these investigations, the ceramic matrix used had starting grain size in the

range of 100 nm-1µm (grain size after sintering was often not reported). These are very

preliminary reports and significant understanding about the densification behavior, struc-

ture of ceramic-graphene interface, toughening mechanisms, and thermo/mechanical sta-

bility of the graphene needs to be reached. Furthermore, there is significant potential to

further improve the properties by controlled nanostructuring (<500 nm grain size) of the

ceramic matrices.
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CHAPTER II

Obejctive

As discussed earlier, in spite of its unique set of properties, the application of SiC is limited

due to its inherent brittle nature and low fracture toughness. One of the most effective

ways to improve toughness is to reinforce the parent material with filler material to provide

extrinsic toughening mechanisms. Including filler materials in ceramic matrix poses some

fundamental challenges, for instance, uniform dispersion of the filler in the ceramic matrix

and survival of the filler material during harsh processing required for dense bulk ceramic.

While various dispersion techniques have been employed, improvement in toughness has

been limited so far. Moreover, commonly used filler materials such as carbon fiber or CNT

have shown degradation under ceramic processing conditions. Therefore, there is a need

to employ a processing technique to include a proper filler materials in ceramic matrix to

understand the real potential of extrinsic toughening in SiC matrix.

The ultimate goal of this work is to process dense bulk fine grained SiC matrix rein-

forced with graphene nanoplatelets to provide toughening to the host matrix. This requires

setting up a proper processing parameters for preparing bulk dense SiC first and later, uni-

form dispersion of graphene nanoplatelets in the SiC matrix without thermal damage. As

discussed in the previous chapter, processing and characterization of SiC has long been

studied and well documented. Especially, after the introduction of binders in 1970, there

has been a drive to sinter bulk dense ceramic with better mechanical properties. Differ-

ent processing routes have been explored and studied. All these processing routes require

additives for bulk dense ceramic. However, sintering with additives affects mechanical

properties at high temperature. Since SiC is touted to be used in high temperature envi-
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ronment, use of additives becomes an issue in that respect. Without binders it is possible

to sinter SiC to dense forms using high temperature and pressure for longer times using

conventional methods. This processing, however, leads to grain coarsening that in turn af-

fects mechanical properties. To be able to sinter SiC without binders requires a processing

that will not only lead to dense bulk form but also restrict exaggerated grain growth. Spark

plasma sintering (SPS) is one such processing technique that can lead to dense bulk SiC

without significant grain growth. Until now, there have been very few studies that involve

sintering of SiC using SPS without additives. Moreover, it should be taken into account that

even before bulk processing, the final microstructure will depend on the initial microstruc-

ture of the powder that is being used for bulk processing. Hence it is certainly equally

important to produce SiC powder with desired initial microstructure. Polymer precursor

route provides the ability to produce high purity SiC with desired microstructure.

Considering the requirements mentioned above, in this work a novel approach, com-

bining polymer precursor processing and spark plasma sintering (SPS), is presented to

process nanostructured silicon carbide ceramic. Polymer to ceramic conversion is studied

using Fourier transform infrared (FTIR) spectroscopy. To optimize processing parameters

amorphous/nanocrystalline powder is SPS sintered at different temperatures ranging from

1600°C to 2100°C under 70 MPa pressure and different soaking time. Effect of processing

parameters on densification and microstructural evolution are analyzed. Mechanical prop-

erties obtained using different experimental techniques are correlated with microstructure

of SiC sintered at different temperatures.

In this study, commercially available powder is also consolidated using SPS with or

without additives. These samples are only sintered at 2100°C and evolution of microstruc-

ture is analyzed. Mechanical properties determined using microhardness, bi-axial flexure

test are compared with samples sintered using pyrolyzed powder. Differences in mechani-

cal properties are explained with respect to microstructure of the respective materials. Com-

mercially available conventionally sintered samples are also acquired and tested. These
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results are also compared with samples sintered using current method and analyzed.

Finally, graphene reinforced SiC matrix is fabricated using polymer pyrolysis and SPS.

Thermodynamic calculation confirmed allylhydridopolycarbosilane (AHPCS) to be a proper

dispersion medium for graphene nanoplatelets. Addition of graphene does not hinder the

polymer to ceramic conversion as ensured by FTIR study. As processing condition can

damage graphene nanoplatelets, it is critically important to study the survival of graphene

nanoplatelets. There have been some reports on thermal stability of graphene [135, 136].

Suspended graphene sheet heated using Joule heating showed thermal stability even at 2600

K temperature as reported by Kim et al. [135]. However, sintering is a more complex pro-

cess, as the powder is compacted under the simultaneous application of temperature and

pressure. In that respect, detailed Raman spectroscopy study is performed to understand

the complex effect of sintering temperature and pressure on graphene nanoplatelets embed-

ded in the SiC matrix. Effect of graphene addition is studied on densification behavior and

phase evolution of the SiC matrix. Mechanical properties with respect to graphene content

are studied and detail analysis of change in mechanical properties due to graphene addition

is presented.
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CHAPTER III

Experimental Details

III.1 Powder preparation

III.1.1 Monolithic SiC powder

As a first step amorphous–nanocrystalline SiC powder was prepared from a preceramic

polymer, allylhydridopolycarbosilane (AHPCS) (Starfire Systems Inc., Malta, NY). The

powder preparation process was started by heating the liquid polymer precursor to 650

°C, at 1 °C/min, under an inert atmosphere and then holding it at 650 °C for 10 minutes

. This initiated the cross-linking of the polymer precursor. For complete conversion to

Figure III.1: Schematic of heating cycle used for pyrolysis.

amorphous–nanocrystalline SiC, the heating was continued till 1400°C, at 3°C/min. The

material was held at the final temperature for 1 hour to ensure thermal equilibrium and

complete processing. Finally, the material was cooled down to room temperature, at 5
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°C/min. Figure III.1 shows the heating cycle used for pyrolysis of all the powder at a final

temperature of 1400°C.

Due to the release of hydrogen gas during the polymer to ceramic conversion, the final

material contained large voids. This material was ground using a hand grinder until the

particles passed through a colander of mesh size 12 followed by subsequent milling into

fine powder (∼0.5µm) using a high energy ball mill (Pulverisette, Fritsch GmbH). Ball

milling was performed using a ball-to-powder mass ratio of 5:1 with tungsten carbide (WC)

balls as grinding media for 15 minutes with 750 rpm. Note that the starting powder was

amorphous and the purpose of milling is to decrease the particle size without inducing any

phase transformation. The amorphous/nanocrystalline powder was subsequently used in

spark plasma sintering for processing nanostructured SiC.

For comparison commercially available superfine SiC powder (Alfa Aesar A13561)

was also used. This powder was also ball milled using the same parameters mentioned

above.

III.1.2 Graphene-SiC powder

Graphene nanoplatelets

Exfoliated graphene nanoplatelets, xGnP ®-M-5 grade (99.5% carbon) with an average di-

ameter of 5 µm were obtained in dry powder from XG Sciences, Inc. (East Lansing, MI).

These nanoplatelets are prepared from graphite intercalated compounds (GIC). GICs are

prepared using nitric acid as oxidizer and sulfuric acid as intercalant. Rapid heating to high

temperature leads to vaporization of the acids and forces the layers to expand resulting in

exfoliation of graphite layers. GICs are processed using microwave at 1300W for 2 min-

utes that exfoliates the graphite layers. Moreover, microwave treatment removes residual

intercalant (nitrogen and sulfur) components [137]. Fig. III.2 shows platelet size of the as-

received xGnP platelets. According to manufacturer, the average thickness of the particles

is 6–8 nm with typical surface area of 120 – 150 m2/g [138].
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Figure III.2: As received xGnP platelets.

Pyrolysis of graphene-AHPCS

Two sets of powder were prepared for this study. For preparing SiC-graphene powder mix-

ture, controlled weight fraction (2wt% and 5wt%) of graphene nanoplatelets was mixed

with AHPCS polymer and ball milled using a planetary ball mill (PM-100, Retsch GmbH,

Haan, Germany) for 30 minutes. Ball milling was performed using a ball-to-powder mass

ratio of 10:1 with tungsten carbide (WC) balls as grinding media for 30 minutes with 300

rpm. Subsequently, this mixture was pyrolyzed using the similar procedure mentioned ear-

lier. The pyrolyzed amorphous/nanocrystalline SiC reinforced with graphene nanoplatelets

was carefully milled using parameters mentioned earlier such that uniform mixture without

significant damage of graphene nanoplatelets can be achieved. It has been reported that

controlled ball mill can aid in exfoliation of graphene nanoplates due to shear component

of the applied stress [139]. SiC-graphene composite powder mixtures with varying levels

of graphene reinforcements (0-5 wt.%) was prepared for subsequent SPS densification.

Another set of powder was prepared for comparison. In this case, AHPCS was py-

rolyzed first to prepare SiC powder. Then, 2wt% and 5wt% graphene nanoplatelets were

mixed with SiC powder (prepared from AHPCS) and ball milled in isopropanol as dis-

persing media using the parameters mentioned previously. For ease of identification, the

first set of powder will be referred as AHPCS-2wt%C, AHPCS-5wt%C and the second

set of powder will be referred as SiC-2wt%C, SiC-5wt%C. Note that these are essentially
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SiC-graphene composite powder prepared in different way.

III.2 Sintering parameters

Spark plasma sintering (SPS) was used to consolidate nanostructured SiC obtained through

pyrolysis of preceramic precursor using an SPS system (Model 10-3, Thermal Technology,

LLC., Santa Rosa, California, USA). The DC pulse cycle for the system was 25 ms on and

5 ms off. The ball milled SiC powder was loaded in graphite die with an internal diame-

ter of 20 mm and 10 mm of wall thickness. Graphite felt with a thickness of 4 mm was

Figure III.3: Schematic of the fabrication process

wrapped around the graphite die to avoid thermal loss during sintering. Temperature of the

sample was monitored during sintering using an optical pyrometer through a hole of 2 mm

diameter and 5 mm depth in the graphite die. Samples were sintered at various tempera-

tures ranging from 1600 °C to 2100 °C, using a heating rate of 150 °C/min under argon

atmosphere. Sintering pressure of 70 MPa and a soak time of 10 minutes were employed

for all the samples. The schematic of the different steps involved in the processing is shown

in Fig III.3.

Commercial SiC powder was also sintered using a temperature of 2100°C and pressure

of 70 MPa with 10 min soak time. Since the commercial powder was difficult to consoli-

date, 5 wt% Al2O3 as binder was added to commercial SiC powder to consolidate using the

same sintering parameters. Samples sintered using commercial powder would be referred

36



as commercial SiC and samples sintered using commercial SiC powder with binder would

be referred as commercial SiC-Al2O3 throughout the text.

SiC-graphene composite powder mixture was also sintered using 2000°C and 2100°C

sintering temperature with 70 MPa uniaxial pressure and 10 min soaking time.

III.3 Physical characterization

III.3.1 Density measurement

Density of a material can be defined in different ways based on the measurement process

used. Bulk density of a material refers to the density of the material without taking open

and closed porosity into account. While skeletal density takes only open porosity into

account, solid density takes both open and closed porosity into account. The density and

porosity of the SPS sintered SiC and SiC-C samples for different processing temperatures

was determined.

The buoyancy method [140] was used for determining bulk density and porosity of the

samples using a density measurement kit along with a high-resolution analytical balance.

For this method, the sample is evacuated and saturated with high purity distilled water

and the open pores are filled with the saturation liquid. This is done using a four-hour

evacuation cycle with intermittent purging at every hour to release trapped air. The mass of

the sample in saturation liquid (water), m2 , is determined using the density determination

kit. The temperature of the saturation liquid is recorded to correct the density variation of

water as a function of temperature. The wet mass, m3 , of the sample is then determined by

weighing in air. Before weighing, a lint-free cleaning tissue is used to remove any liquid

that remained on the surface of the sample and this is done quickly to avoid loss of the

saturation liquid due to evaporation. Finally, the sample is then dried in a drying oven set

at 120°C for 12 hours and cooled to room temperature to remove the saturation liquid from
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the sample and the dry mass, m1, is recorded. The bulk density, ρb , is calculated as,

ρb =
m1

m3 −m2

× ρfl (III.1)

Where, m1 is the mass of the sample in air, m2 is the mass of the saturated sample in

the uid medium (water), m3 is the mass of the saturated sample in air and ρfl is density of

the medium used (water) at the recorded temperature to correct for variation in density of

water at different temperature.

The open porosity, πa , in volume % is calculated as,

πa =
m3 −m1

m3 −m2

× 100 (III.2)

III.3.2 Fourier transform infrared (FTIR) spectroscopy

Infrared(IR) spectroscopy is used to analyze presence of chemical groups in a compound

by measuring the absorption of infrared light over a range of wavelength. Absorption of

infrared radiation does not change electronic state of the molecule, rather it causes vibra-

tional and rotational changes in the molecule. The vibrational frequency of the molecules

dictates the absorption frequency. On the other hand, the absorption intensity is solely de-

pendent on the infrared photon energy transferred to the molecule. This in turn depends

on the change in dipole moments. Molecular vibration causes change in dipole moments.

As a result, molecule selectively absorb infrared based on the change in the dipole moment

caused by absorption [141]. The absorption is measured as a function of frequency. At

each vibrational transition the molecule absorb ∆E = hν energy. The Beer-Lambert law

defines the intensity of the IR absorption:

I = I0e
−εcd (III.3)
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Here, I0 and I refer to the incident and transmitted beams, respectively, ε refers to

the molecular absorption coefficient, and c is the concentration of the sample and d is the

concentration of the cell length. For quantitative analysis, the absorption is defined as,

A = log
I0

I
= εcd (III.4)

The absorption is collected as an associated spectrum over a wide range of wavelengths

by FTIR spectrometer. In the current investigation, FTIR was performed to study the

polymer-to-ceramic conversion on the as received AHPCS polymer and heat treated poly-

mer at different temperatures of 350, 650, 900, 1150, and 1400°C using pellets made from

the mixture of the solids and dried KBr powder using Varian 680 IR spectrometer with

4 cm−1 resolution. Similar procedure was followed to study the behavior of the polymer

during pyrolysis after addition of graphene nanoplatelets.

III.4 Microstructure characterization

III.4.1 X-ray diffraction

X-ray diffraction method is a conventional technique used for phase detection, grain size

measurement, residual stress measurement and compositional analysis. Diffraction is a

scattering process, wherein a sample is irradiated with x-ray and the atoms depending on

their arrangement may elastically scatter the x-ray giving weak or strong intensity. When

atoms are arranged periodically in a material, the scattering is strong giving rise to Bragg’s

peak according the equation III.5 [142].

λ = 2d sin θ (III.5)

Where, λ is wavelength of the radiation, d is interplanar spacing and θ is diffraction

angle. Since, λ and θ are recorded during an x-ray diffraction experiment d-spaing can be

calculated using Bragg’s law. Peak width provides information related to crystal size in a
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material. For very small crystals, grain size could be measured using Scherer formula as

shown in eqn III.6 [142].

D =
Kλ(

WFWHM × π
180◦

)
cos θ

(III.6)

Where D is the particle or crystal dimension normal to the diffracting planes, WFWHM

is the full-width at half-maximum, K is a constant usually evaluated as 0.94, λ is the

wavelength of the x-ray used, and θ is the diffraction angle. However, this equation does

not take instrument broadening into account and would give a minimum grain estimate.

Moreover, for larger crystals the effect of instrument broadening would be greater as the

width of the peak is already small. To account for instrument broadening a full pattern

analysis can be performed using fundamental parameters approach [143]. In this method,

the observed profile, I(2φ) is considered as a convolution of the diffraction profile, S(2φ)

and the instrumental aberration function, A(2φ).

I(2φ) =

∫ +∞

−∞
S(2ζ)A(2φ− 2ζ)d2ζ = S ∗ A (III.7)

Again, instrumental aberration funciton A(2φ) is the convolution of emission profile

L(2φ) radiated from the x-ray target, and functions related to the instrument profile such as

the length of the receiving slit, radius of the diffractometer, angular width of the divergence

etc. That is

A(2φ) = L ∗D1 ∗D2 ∗ ..... ∗Dn (III.8)

It is difficult to develop analytical form for A(2φ), hence the convolution integral is

reduced to a summation in which the step size is the same as the x-ray data. In this case,

the function is considered linear between adjacent calculated points. Finally, multilinear

regression is used to determine all the linear terms whereas Gauss-Newton iteration is used

to determine the non-linear terms.
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Significant efforts of this work was directed towards understanding the nanocrystal-

lization and densification behavior of amorphous SiC during SPS. Detailed XRD studies

was performed on SPS sintered SiC and SiC-graphene samples. Graphene nanoplatelets

pyrolyzed to different temperatures ranging from 750°C–1400°C was also analyzed with

XRD to observe any shift in peak. For the current study, phase analysis of the sintered com-

pacts was performed using Philips Norelco X-ray diffractometer operating with Cu Kα (λ=

1.54178 Å) radiation at 45 kV and 40 mA. The diffraction angle was varied between 10°

and 90° 2θ at a step increment of 0.02◦ 2θ with a count time of 1 s. Profile refinement

was performed using XFIT program using the Fundamental Parameters (FP) approach and

grain sizes were estimated.

III.4.2 Scanning electron microscopy (SEM)

Scanning electron microscope (SEM) uses high energy electron beam to capture image

of a sample surface. The electron beam is demagnified by two or three electromagnetic

condenser lenses and later collimated into a fine probe by scanning coil to scan the sur-

face in a raster. To maximize the mean free electron path, SEM requires high vacuum

for operation. When the primary electron beam interacts with the solid they are scattered

both elastically and inelastically to produce secondary electrons (SE), backscattered elec-

trons (BSE), Auger electrons and x-rays [144]. As the primary electron interacts with the

valence electron of the solid, some of the energy of the primary beam is used to get the

valence electrons free from the atom and these electrons are termed as secondary electrons

(SE). Most of these electrons have initial kinetic energy<100eV and absorbed by the spec-

imen. However, some of the secondary electrons from the top of the sample surface (< 2

nm) may escape the solid into the vacuum and relay information of the topography of the

sample. Backscattered electrons (BSE) are produced when the primary electrons interact

elastically with the sample and these electrons are ejected from the solid at an angle greater

than 90°. BSE possess almost similar range of energy as compared to the primary electrons
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and provide composition information rather than topographic information [145].

SEM is most commonly used tool for high resolution microstructural images. Proper

processing of these images can be utilized to observe surface topography, cracks or porosity

in the structure. Even grains and grain boundary can be imaged from properly prepared

sample. Ceramic material usually undergo intergranular fracture and imaging fractured

surface of ceramic material provides information on grain structure and grain sizes. For the

current study, SEM was employed to observe surface cracks and porosity on SPS sintered

samples. Moreover, fractured surface from flexural strength study was analyzed using SEM

to study fracture mode.

Sample preparation for grain morphology study

To obtain information regarding the grain size and grain boundary, SiC needs to be etched.

α-SiC requires Modified Murakami’s reagent for etching. Modified Murakami solution

was made with 3 g of sodium hydroxide (NaOH) and 30 g of potassium ferricyanide

(K3Fe(CN)6) mixed into 60 mL of distilled water. The samples had to be immersed in

the boiling solution (∼110°C) solution for ∼8–10 min for proper etching. For β-SiC sam-

ple molten salt etching was employed. For molten salt a mixture of 10 g of KNO3 and 90 g

of KOH were heated to a temperature of 480°C and the sample was etched for 5 – 10 min.

III.5 Thermal stability of graphene

Raman scattering

In Raman spectroscopy, the sample is irradiated with laser beams in the UV-visible region.

Most of these radiation is either absorbed or transmitted and a small portion of the radiation

is scattered in the direction perpendicular to the incident beam. The scattered light can be

strong and have the same frequency as the incident beam (ν0). This is termed as Rayleigh

scattering (elastic scattering) where only the momentum is transferred for the incident pho-

tons keeping the energy unchanged. If the scattering light is very weak and has frequencies

ν0± νm (νm vibrational frequency of the molecule), then it is called Raman scattering. The
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photons that loose energy shifts to lower frequency (ν0 − νm) and known as Stokes shift.

When the photons gain energy they shift to higher frequency (ν0 + νm) and termed as anti-

Stokes shift. Therefore, by Raman spectroscopy one can measure vibrational frequency

shift from the incident beam frequency [146].

This technique provides information on characteristic values of vibrational frequencies

of chemical bonds. Although this technique is a qualitative analysis, it has been used for

identifying unknown compounds in solid or liquid phases, detect change in structural or-

der, and phase detection. For the current investigation it is important to understand the

interaction between graphene and SiC in the composite. Raman scattering would help in

unveiling any structural change in graphene due to thermal degradation. As known, ex-

foliation of graphite nanoplatelets is important for improvement in mechanical properties.

This technique allows unambiguous identification of number of graphene layers by ob-

serving the changes in shape, width, and positions of D, G and G′ peaks which in turn

will give idea about the exfoliation of the graphite nanoplatelets [147]. While it has been

well established that high temperature and high pressure processing results in mechanical

damage (breakage) of the carbon nanotubes, similar studies have not been conducted for

ceramic-graphene composites. For this study, WITec alpha300 R Raman system with a 532

nm laser excitation was used for detailed investigations on fragmentation and exfoliation

of graphene in the SPS sintered compacts.

III.6 Mechanical characterization

III.6.1 Bi-axial strength

To determine the failure characteristics of brittle materials, the bi-axial flexure tests are

usually used. For this study, ring-on-ring (RoR) biaxial tests will be used to achieve flex-

ural strength for SiC and SiC-C samples. The configuration used in this test exposes the

maximum area under a constant maximum stress. Figure III.4 shows the schematic of the

RoR fixture, which is an axisymmetric test, where the disc is supported by a ring from
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one side and loaded by a smaller concentric ring from the other side. This configuration

employed a support ring diameter of 15 mm and the loading ring diameter of 5 mm, which

ensures valid fracture mode of the samples [148].

Figure III.4: Schematic of fixture for testing biaxial flexure properties using RoR.

For this test, the discs (SiC and SiC-C) are loaded in the RoR fixture using a table-top

test frame (Instronr 5567, Instron Corporation, Norwood, Massachusetts, USA). Adhesive

tape is applied on the compressive side of the discs as per ASTM C1499–05 [149]. Dis-

placement controlled loading at a rate of 0.5 mm/min. is used and the peak load at failure

is recorded. For each kind of sample, at least 5 discs are subjected to the test to provide a

statistical distribution of data.The flexure strength is then determined from the peak load at

failure as per Eqn. III.9 [150],

σRoR =
3P

2πt2

[
(1− ν)(a2 − r2)

2R2
+ (1 + ν) ln

a

r

]
(III.9)

Where P is the applied load, ν is the Poisson’s ratio of the specimen and is assumed to

be 0.20 for SiC, a is the radius of the support ring, r is the radius of the load ring, and R

and t are the radius and thickness of the disc specimen, respectively.

III.6.2 Vickers hardness

Hardness is a materials ability to resist against plastic deformation under load. Various

measurement techniques are used to determine hardness of ceramic materials. Most com-

monly used technique is Vickers indentation method. In this method, a square based pyra-
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mid shaped diamond is pressed using a predefined load against the material under test for

a specific time and the surface projected diagonals of the resulting impression is measured

after the load is removed (Fig. III.5). The force is applied very smoothly without impact.

Hardness value is calculated from the ratio of the applied load to the area of contact of the

four faces of the indenter by using the following equation [17].

Figure III.5: Schematic of shape of the Vickers indentor and impression of diagonals after
load removal [17].

HV = 1.8544

(
P

d2

)
(III.10)

Where P is load in kgf and d is the average of length of the two diagonals of the

indentation in mm. Vickers hardness unit isHV which can be converted to more commonly

used unit GPa by multiplying the HV number by 0.009807.

For the current study, Vickers hardness of the polished samples were obtained using

a microhardness tester (Tukon microhardness tester, Page-Wilson corporation, Bridgeport,

Connecticut, USA) at a load of 49 N applied for 30s. At least five readings were collected

for each sample and an average value is reported.
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III.6.3 Fracture toughness and Acoustic emission analysis

One of the major concerns for modern ceramic material is its low fracture toughness which

limits its applicability. In this work, microstructure of the silicon carbide is tailored and

also reinforced with graphene nanoplatelet to improve fracture toughness of the ceramic.

Fracture toughness of a material is defined by the ability of the material containing crack

to resist fracture. Different techniques have been used over the years to determine this

property of a ceramic namely, direct crack measurement (DCM), indentation strength by

bending (ISB), single edge notched beam (SENB), chevron notched beam (CVNMB) etc.

Most commonly used technique is the DCM method. If a brittle material is loaded with

a sharp indenter and sufficient load is applied both radial cracks develop at the indent as

shown in Fig III.6. Fracture toughness was estimated by direct crack measurement (DCM)

using the Anstis equation (Eqn. III.11) [151]

KIC = A

(
E

H

) 1
2
(
P

C
2
3

)
(III.11)

where A is a geometric constant (0.016), E is the elastic modulus, H is the hardness

value, P is the load, and C is the length of the radial crack from the center of the impression

of the indent. In this method, toughness value is a function of radial crack length, elastic

modulus and hardness. Since, elastic modulus can be a function of porosity, the following

equation proposed by Snead et al. was used for calculating elastic modulus, E [2].

E = E0 exp(−CVp) (III.12)

Where E0 = 460 GPa is the modulus of non-porous SiC, and C = 3.57 is a constant.

Even though this technique provides an average fracture toughness value for a material,

it does not provide any insight on various fracture events like crack initiation or crack prop-

agation. Moreover, it does not provide any information on the energy dissipation occurring

during the fracture process which helps in better understanding the fracture phenomena in
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Figure III.6: Schematic representation of radial crack for a brittle material under Vickers
indenter.

heterogenous material. The stress waves released due to crack initiation or crack propaga-

tion within a material is known as acoustic emission. For brittle material, fracture events

are accompanied by sudden changes in stress and strain fields creating acoustic emission

within the material. To better understand the fracture events, in addition to DCM method,

acoustic emission could be monitored.

For this work, a microhardness tester (Tukon microhardness tester, Page-Wilson corpo-

ration, Bridgeport, Connecticut, USA) and a stand alone acoustic emission monitoring sys-

tem (AMSY-5, Vallen-Systeme GmbH, Munich, Germany) was used to measure fracture

toughness while monitoring the acoustic emission related to various fracture phenomena.

A schematic representation of the setup is shown in fig. III.7

Figure III.7: Schematic representation of AE setup with Vickers indenter.
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The AMSY-5 system can store more than 30,000 AE-hits/s and 2.5 MB/s of waveform

data. This data is filtered and sorted in real time. Elastic waves generated during frac-

ture events are captured by the piezo-electric sensor and converted into electrical signals.

The sensor used for this study had a frequency response in the range of 100 to 400 kHz

(AE104A, vallen-systeme GmbH, Munich, Germany). This signal is then fed through a

34dB gain preamplifier that has a response from 2.5 kHz to 3 MHz. From the preamplifier

the signal is then sent through acoustic signal preprocessor (ASIPP) to process into digital

data with the help of a field programmable gate array (FPGA). Finally, acoustic emission

system controller (AsyC) assembles this digital data from ASIPP into data sets and sends

to a file in the computer.

Figure III.8: Schematic representation of acoustic emission waveform.

To monitor AE activity a especially designed sample holder was used. The sensor

was placed in the holder such a way that it was directly beneath the sample and a couplant

was used to ensure proper transmission of AE events from the sample to the sensor. Typical

transient AE waveform contains numerous information such as the number of hits, acoustic

energy, rise time, duration time, and peak amplitude as shown in fig. III.8. In this work,

we are mainly interested in the acoustic energy that is the integral of the squared of the
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amplitude over signal duration. The acoustic energy can be directly correlated to the elastic

energy released during the fracture events.

While monitoring acoustic emission during indentation, it is important to set a proper

threshold to record acoustic emission events without any noise. Initially, a very low thresh-

old (9.9 dB) was set and indentation was performed on aluminum sample. Since aluminum

is not brittle, it should not show any indentation induced fracture and should not produced

any acoustic emission events during indentation (Fig. III.9). Based on extensive character-

ization of the aluminum sample, 25.3 dB was chosen as a threshold to avoid recording any

noise during indentation experiment. In addition to the threshold, other parameters used

for the experiments are sampling rate of 10 MHz and parametric timing of 0.001 s.

Figure III.9: SEM image of Vickers indent on aluminum showing no fracture.
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CHAPTER IV

Characterization of nanostructured silicon carbide consolidated using polymer

pyrolysis and spark plasma sintering

IV.1 Polymer–Ceramic formation

To identify the functional groups present in AHPCS and to understand the conversion from

polymer to ceramic FTIR was performed as shown in Fig. IV.1(a). The backbone of the

polymer is the Si–CH2–Si chain confirmed by three peaks in the spectra for AHPCS; peak

at around 1045 cm−1 corresponding to CH2 bending, 1355 cm−1 corresponding to Si–CH2–

Si deformation, and 2920 cm−1 corresponding to C–H stretching. Presence of Si–CH3 is

identified by three peaks; at around 840 cm−1 corresponding to Si–CH3 rocking and Si–C

stretching, at around 1250 cm−1 corresponding to Si–CH3 stretching and at around 2950

cm−1 corresponding to C–H stretching in Si–CH3. Peaks indicating CH=CH2 are at 1630

cm−1 corresponding to C=C stretching and 3073 cm−1 corresponding to C–H vibration. A

strong peak at 2120 cm−1 corresponds to Si–H. A peak around 3400 cm−1 is due to the

water absorbed in the KBr during FTIR experiment [152–154].

After pyrolysis to 350°C (i), intensity of most of the peaks are greatly decreased, es-

pecially for Si–H and Si–CH3. The intensity of the C=C stretching at 1630 cm−1 and

C–H vibration at 3073 cm−1 almost disappears from the spectra indicating evolution of

CH=CH2. At higher pyrolysis temperature (ii), gradually peak intensity of Si–H decreases

which ensures cross-linking by hydrosilylation and dehydrocoupling reactions [152, 153].

Even at 900°C (iii) small peak for Si–H is visible, which disappears at 1150°C (iv) com-

pletely as hydrogen is expelled from the structure and polymer to ceramic conversion is

completed. At 1400°C (v) only a broad peak corresponding to SiC is present in the IR
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(a) (b)

Figure IV.1: IR Spectra for (a) as received AHPCS and (b) AHPCS heated to 350°C (i),
650°C (ii), 900°C (iii), 1150°C (iv), and 1400°C (v).

spectra.

IV.2 Powder morphology

Scanning electron microscope (SEM) images were used to measure the particle size. Five

different images were used and a total of ∼300 particles were considered for the measure-

ment. Microstructure of SiC particles after ball milling can be seen in Fig. IV.2 which

shows the variation of particle size over a range of 0.2 to 1.25 µm. However, 87% of the

particles falls within 0.5 µm range ensuring very small particle size after ball milling. It

should be emphasized, however, that this particle size does not indicate grain size of the

material after pyrolysis, which is typically in the 1–5 nm range [155].

IV.3 Relative density and Densification

Variation of relative density as a function of sintering temperature is shown in fig. IV.3(a),

indicating influence of sintering temperature on densification behavior of SPS sintered SiC.

At 1600°C sintering temperature, relative density of the compact is ∼60% and increase

in sintering temperature to 2000°C showed sudden increase in relative density reaching
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Figure IV.2: Measurement of SiC particle size. (a) Microstructure of SiC particles after
high energy ball milling of pyrolyzed AHPCS (b) Distribution of particle size.

92%. The maximum relative density obtained in this investigation is about 95% at 2100°C

sintering temperature. To understand the densification process, temperature profile, punch

displacement, D and displacement rate, dD/dt as function of time for 2100°C sintering

temperature is plotted as shown in fig. IV.3(b). Note that sintering pressure of 70 MPa was

applied such a way that in each case the pressure reached 70 MPa when the temperature

reached desired sintering temperature. Initially applied pressure starts to rearrange the

particles, however, rise in temperature results in expansion of the punch as shown in case of

displacement till∼12.5 min. During this period densification of the compact is much lower

compared to expansion of the punch, hence decrease in displacement is observed. This is

also evident in the displacement rate curve. After that initial period at around 1875°C,

displacement starts to increase and displacement rate is maximum at 2000°C. Temperature

dependent densification mechanisms such as diffusion is activated after 1875°C. Hence,

sintering temperature below 1900°C results in lower relative density of the compacts.

Commercial SiC powder was difficult to sinter without sintering additives even at 2100°C

reaching a relative density of 82%. Addition of Al2O3 as binder improved sinterability of

the commercial powder increasing the relative density to 96%. Relative density of conven-

tionally hot pressed Hexoloy, SA sample was 98.4%.
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(a) (b)

Figure IV.3: Variation of (a) density as a function of sintering temperature for SPS sintered
SiC samples (b) temperature profile, punch displacement, D and displacement rate, dD/dt
as function of time.

IV.4 Microstructural evolution

For the current work, SiC powder prepared using polymer pyrolysis at 1400 °C was char-

acterized using x-ray diffraction (XRD). Figure IV.4(a) shows XRD patterns of starting

amorphous powder as well as samples compacted using SPS technique. The XRD pattern

of the initial SiC powder, obtained through pyrolysis at 1400 °C, exhibited characteristic

broad halo peaks with diffused intensity indicating an amorphous/nanocrystalline structure.

SPS of amorphous/nanocrystalline powder at various temperatures ranging from 1600 °C

to 2100 °C resulted in crystallization of amorphous powder during sintering. Peaks at 36°,

42°, 60°, and 72° correspond to (111), (200), (220) and (311) planes of β-SiC (ICCD:

29–1129). Two small peaks correspond to residual tungsten carbide (WC) which was used

as a grinding media for ball milling. For 2000°C and 2100°C SPS sintered samples at

26.43° a small peak can be observed that corresponds to nanocrystalline carbon. Full pat-

tern analysis was performed using XFIT program utilizing fundamental parameters (FP)

approach [156]. Calculated average crystallite sizes were 97, 187, 197, 271, 370, and 540

nm for samples sintered at 1600, 1700, 1800, 1900, 2000, and 2100 °C, respectively. This

shows that preparing amorphous/nanocrystalline SiC powder using pyrolysis of preceramic
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precursor and then preparing bulk SiC using SPS can be used effectively to control the grain

size.

(a) (b)

Figure IV.4: XRD patterns from (a) amorphous SiC powder and spark plasma sintered SiC
compacts processed at various temperatures (b) SPS sintered commercial SiC and Com-
mercial Hexoloy SA

XRD patterns for Hexoloy SA, SPS sintered commercial SiC and SPS sintered com-

mercial SiC with binder show peaks for α-SiC as shown in Fig. IV.4(b). Note that samples

sintered from commercial powder showed presence of graphite peak at 26.43° indicating

excess carbon in the structure. Full pattern analysis was employed in a manner mentioned

earlier to estimate average crystal size. Estimated grain sizes were 4.2, 4.1 and 3.0 µm

for Hexoloy SA, commercial SiC and commercial SiC-Al2O3, respectively. Using same

processing parameters resulted in a significantly larger grain size for samples sintered from

commercial SiC powder due to crystalline nature of initial powder as compared to py-

rolyzed powder that was mostly amorphous in nature.

Grain sizes were also estimated from SEM images of etched samples. Molten salt

etching was used for β-SiC samples sintered at 1900, 2000, and 2100 °C and modified

Murakami’s reagent was used for etching Hexoloy SA, commercial SiC, and commercial

SiC-Al2O3 samples. In the etching process, etchant selectively etches the grain bound-

ary delineating the microstructure. Figure IV.5 shows variation of microstructure based on

54



Figure IV.5: Scanning electron micrographs of etched a) 1900°C SiC, b) 2000°C SiC, c)
2100°C SiC, d) Commercial SiC, e) commercial SiC-Al2O3, and f) Hexoloy SA.
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sintering temperature and source of initial powder. Linear intercept method was used to

estimate grain sizes from the SEM images and the shape correction factor employed was

1.22 considering equiaxed grains. For samples sintered using pyrolyzed powder, grain sizes

were 260, 345, and 470 nm for sintering temperature 1900, 2000, and 2100°C respectively.

Grain sizes were 4.4, 5.0, and 3.9 µm for Hexoloy SA, commercial SiC, and commercial

SiC-Al2O3, respectively. It is notable that using Al2O3 as binder restricts grain growth as

reported previously [72]. Grain sizes estimated from both XRD and SEM showed simi-

lar trend indicating fabrication approach utilized in the current investigation allows better

control over evolution of microstructure during fabrication.

IV.5 Mechanical properties

Increase in hardness with decreasing grain size is reported in literature for both oxide and

non-oxide ceramics [157,158]. Vickers hardness of the sintered SiC samples in the present

study, however, showed an increasing trend with increase in processing temperature. This

is mainly due to the higher residual porosity in the structure at lower sintering tempera-

ture resulting in decrease in hardness. Yamamoto et al. also measured increase in Vicker’s

hardness with the increase of relative density reaching a hardness value of 20 GPa for

nanograined-SiC consolidated using SPS [90]. Moreover, Lomello et al. reported influ-

ence of density to be stronger than the influence of grain size when grain size of SiC was

under 130 nm [94]. In that study, hardness increased to ∼25 GPa as a function of density.

In the present study, hardness increased from ∼4 GPa to ∼25 GPa as a function of den-

sity. Ryshkewitch reported an exponential dependence of compression strength on porosity

content for different ceramic materials [159] and Snead et al. extended this relationship for

hardness of ceramic material using the following equation [2]

Hv = Hv0 exp(−CVp) (IV.1)

Where Hv is Vicker’s hardness in GPa, Hv0 is Vicker’s hardness without porosity, C is
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a constant (5.4), and Vp is volume fraction of porosity. Variation of hardness as a function

of porosity content is shown in figure IV.6. The hardness values were fitted to a curve using

Eqn. IV.1 by least squares technique. R-squared value determined to be ∼0.99 ensured

good fit to the experimental data.

Figure IV.6: Hardness as a function of porosity content for SPS sintered SiC samples.

Hexoloy, SA with 98.4% relative density showed hardness of 25.2 GPa which is simi-

lar to hardness of sample sintered using pyrolyzed powder. Dong et al. reported Vicker’s

hardness of 36 GPa for Hexoloy, SA at room temperature with an indentation load of 9.8

N [160]. This is significantly higher than the value observed in the current investigation.

This discrepancy is likely due to the difference in indentation load (49 N) used in the cur-

rent study usually known as indentation size effect [161–163]. Hardness of the commercial

SiC sample sintered at 2100°C was largely influenced by porosity of the material. Even
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at this sintering temperature lack of sinterablility resulted in a moderate hardness of ∼

8.1 GPa. Addition of sintering additive to the commercial powder improved densification,

hence, it was expected to have higher hardness value. However, use of 49 N load resulted in

deformed indents with surface cracks making it difficult to measure hardness at this load.

Therefore, a load of 9.8 N was used to measure hardness of the material. Even though

hardness of commercial SiC improved to 20.5 GPa with the addition of binder, still it was

less than samples of similar relative density prepared using pyrolysis. This discrepancy in

hardness could be explained based on the fracture mode observed in respective materials.

Flinders et al. previously reported decrease in hardness with change in fracture mode from

transgranular to intergranular [164]. As fracture mode changes from transgranular to inter-

granular, displacing grains during indentation process becomes easier as the crack propa-

gates through the grain boundaries. Hence, drop in hardness is expected. Figure IV.7 shows

fracture surface images of different materials used in this study. It should be noted that both

SiC sintered at 2100°C and Hexoloy, SA showed transgranular fracture (figs. IV.7a, b) that

correlate with higher hardness value observed for these materials. Although commercial

SiC sintered at 2100°C showed a mix of transgranular and intergranular fracture, hardness

value was dominated by porosity of the material. Interestingly, addition of Al2O3 to the

commercial powder completely changed the fracture mode to intergranular. This change is

a result of grain boundary chemistry as Al and O have been shown to aggregate at the grain

boundary [164, 165]. With this change in fracture mode, commercial SiC-Al2O3 showed

less hardness even with improved densification.

In the current study, flexural strength was determined using a bi-axial flexure setup

that utilizes ring-on-ring configuration. This configuration gives the most accurate mea-

sure of strength among all the bi-axial setup that are being used [166]. Moreover, bi-

axial flexure condition is considered more reliable compared to uni-axial flexure because

of maximum tensile stresses occurring within the central loading area, and failure is in-

dependent of edge condition. Flexural strength increased from 46 MPa to 302 MPa as
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Figure IV.7: SEM fracture surface images of (a) SiC sintered at 2100°C (b) Hexoloy, SA
(c) Commercial SiC sintered at 2100°C and (d) Commercial SiC-Al2O3 sintered at 2100°C
showing different fracture mode.
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Figure IV.8: Flexural strength as a function of porosity content for SPS sintered SiC sam-
ples.
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porosity content was reduced with increase in sintering temperature from 1600 to 2100 °C

as shown in fig. IV.8. Strength of ceramics depends on relative density, flaw size and grain

size. However, for porous ceramics, strength is affected more by porosity than grain size.

In general, porosity reduces strength of ceramics by reducing the effective load bearing

area [167]. Using the relationship proposed by Ryshkewitch for dependence of strength on

porosity content, a curve fitted to the strength values produced a good fit (R-squared value

∼96) [159]. The highest value of flexural strength of 302 MPa was observed for sample

sintered at 2100°C. This strength value may seem a little lower compared to usually pub-

lished uni-axial strength data for SiC, but it should be noted that equibiaxial strength of a

brittle material is usually lower than uni-axial strength because of more flaws being sub-

jected to high stress at bi-axial test configuration [168]. Several authors have found bi-axial

strength to be 20–35% less than uni-axial strength when four-point bending configuration

was used [169, 170].

In comparison, commercially available Hexoloy SA also showed slightly lower (∼ 289

MPa) bi-axial strength value. Uni-axial strength of Hexoloy SA using four point bend test

is 380 MPa as supplied by the manufacturer. This is 24% higher than the bi-axial strength

found in the current investigation and consistent with previous observations as mentioned

earlier. Commercial SiC sample sintered at 2100°C showed bi-axial strength of 104 MPa

that was 66% less than β-SiC sample sintered using the same parameters. Large flaws in

terms of residual porosity in the commercial SiC due to lack of sinterability was responsi-

ble for this low strength of the material. Addition of binder significantly improved density

of the sintered commercial SiC-Al2O3 to 96% and strength also increased to ∼276 MPa.

With the addition of additives, 14% increase in density resulted in 62% increase in strength

for commercial SiC sample. Nonetheless, the strength of commercial SiC-Al2O3 was 8%

less than SiC samples sintered using pyrolyzed powder. This is due to the embrittlement

of the grain boundary as a result of impurities in the form of Al2O3 [171]. Recently, in an

effort to sinter SiC without binders Yamamoto et al. used SPS to consolidate SiC powder
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prepared using mechanical alloying of commercially available Si and C powder [90]. Al-

though dense SiC ceramics were prepared using this method, bending strengths were lower

compared to commercially available SiC powder consolidated with additives using SPS

method. It is suspected that the mechanical alloying leads to incomplete Si–C bonding in

the starting powder. This manifests itself as lower mechanical strength in the sintered com-

pact. The processing presented in the present study, however, results in greatly improved

properties as the starting SiC powder is prepared by a chemical pyrolysis route which leads

to proper Si–C bonding in the starting powder.

Material Sintering Relative Flexural Vickers Fracture
temperature density stregnth hardness toughness

(°C) (%) (MPa) (GPa) (MPa m1/2)

SiC 1900 82.0 195±30 14.5±0.5 3.0±0.1
SiC 2000 92.3 242±21 22.6±1.2 3.4±0.1
SiC 2100 95.0 302±29 25.1±0.9 3.5±0.1

Commercial SiC-5%Al2O3 2100 96.0 276±54 20.5±1.4 4.0±0.4
Hexoloy SA – 98.7 289±56 25.2±0.8 2.5±0.1

Table IV.1: A summary of properties of sintered SiC from AHPCS, powder from commer-
cial source and Hexoloy SA determined in this study

Fracture toughness measured using direct crack measurement (DCM) method is pre-

sented in Table IV.1. Samples with proper radial cracks were used for toughness measure-

ment. For samples sintered using pyrolyzed powder, toughness increased with reduction

in porosity. Such behavior has been observed by other authors [93]. Fracture resistance

depends on crack propagation path and impurities at grain boundary. For non-detectable

impurities at grain boundary, grain boundary toughness can be higher than grain toughness

rendering transgranular fracture [171]. This has been observed in the current study for ma-

terials sintered using pyrolyzed powder as shown in fig. IV.7. Interestingly, Hexoloy SA

also showed transgranular fracture as the amount of additives in the sintered material was

very less [160]. Nonetheless, the fracture toughness of Hexoloy SA was 40% lower than the

fracture toughness of the SiC sintered at 2100°C using pyrolyzed powder. Similar fracture

toughness of Hexoloy SA has been reported by other authors using DCM method [172].
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Since both samples had similar relative density and hardness, this variation is only a func-

tion of crack resistance measured as radial crack length. Finer grains can enhance tough-

ness by impeding crack propagation. As Hexoloy SA had much larger grain size ( 4.4 µm)

compared to SiC sintered at 2100°C (440 nm), difference in toughness for these materials

can be observed as a result of such mechanisms. On the contrary, commercial SiC-Al2O3

showed higher fracture toughness (∼4.0) compared to the rest of the materials. For this

material, Al2O3 segregates at the grain boundary rendering the grain boundary weaker than

the SiC grains. As a result, crack propagation was changed to intergranular mode from

mixed mode in the binder less commercial SiC (fig. IV.7). Intergranular fracture can im-

prove fracture toughness if crack driving force is decreased by deflection of the crack along

grain boundaries and not superseded by decrease in grain boundary toughness due to the

segregating impurities. In case of commercial SiC-Al2O3, toughness of Al2O3 is slightly

less than SiC. Hence, decrease in crack driving force results in slightly higher toughness in

commercial SiC-Al2O3.
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CHAPTER V

Processing graphene nano-platelet reinforced silicon carbide consolidated using

polymer pyrolysis and spark plasma sintering

V.1 Exfoliation and dispersion of graphene nanoplatelets

One of the main challenges in preparing graphene reinforced ceramic matrix is the devel-

opment of a processing technique to produce good dispersion of the graphene sheets in the

ceramic matrix. Dispersion of the graphene sheets significantly affects the final properties

of the composite. For last ten years significant effort has been directed towards effective

dispersion of carbon nanotube (CNT) in ceramic matrix [12, 34–37]. Since CNT is rolled

up form of graphene, similar dispersion and processing parameters can be used to prepare

well distributed graphene reinforced ceramic composites. Moreover, graphene with high

specific surface area and 2D geometry has better processability compared to CNT [173]

that can result in better dispersion in the ceramics matrix.

Most commonly used techniques include powder processing and colloidal processing.

In powder processing, filler material is agitated using ultrasonication in a solvent first and

then mixed with the ceramic powder in the same solvent using high energy ball milling to

produce a slurry of graphene-ceramic mixture. There have been some reports of graphene

dispersion and exfoliation using powder processing for Si3N4 and Al2O3 matrix using dif-

ferent solvent [16, 174]. Solvents used for this method are N-methyl-pyrrolidone (NMP),

Dimethylformamide (DMF), γ-butyrolactone (GBL), ethanol, isopropanol etc. Some of

them are energetically more favorable for dispersion such as NMP, DMF. However, these

solvents are expensive and toxic. Moreover, they have high boiling point making their de-

position difficult on surfaces [105]. In colloidal processing, both graphene and ceramic
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powders are suspended separately in the same solvent by magnetic stirring or untrasoni-

cation. The main difference between colloidal processing and powder processing is the

surface modification of the filler and ceramic matrix powder before the processing. This

modification is achieved by functionalization or by surfactants that creates opposite charges

on the surface of the powder. Functionalization is achieved by adding oxide, carboxyl

groups on the edge of the graphene sheets. Commonly used surfactants are sodium dode-

cylbenzene sulfonate (SDBS), cetyl trimethyl ammonium bromide (CTAB).

Enthalpy of mixing calculation

Before using a solvent for exfoliation and dispersion of graphene nanoplatelets, it is impor-

tant to determine what is the driving force for exfoliation of graphene. External energy is

provided for exfoliation of graphene in the solvent by using ultrasonication or ball milling.

Hence, the solvent that requires less energy to exfoliate graphene should work better. Ac-

cording to Hernandaz et al. the enthalpy of mixing can be calculated from [175]

∆Hmix

Vmix
=

2

Tflake
(δG − δsol)2φ (V.1)

Where ∆Hmix is the enthalpy of mixing, Vmix is the volume of the mixture, Tflake

is thickness of graphene flake, δG =
√
EG
sur is the square root of the surface energy of

graphene, δsol =
√
Esol
sur is the square root of the surface energy of solvent, and φ is the

graphene volume fraction. From equation V.1 we can see that

∆Hmix

Vmix
∝ (δG − δsol)2 (V.2)

The smaller the value of ∆Hmix

Vmix
, the higher the probability of exfoliation of graphene.

∆Hmix

Vmix
will be small, even close to zero if surface energies of graphene and solvent are

similar. Surface energy of graphite ranges from ∼50 – 75 mJ m−2 based on different

study [176, 177]. So, a solvent with surface energy within that range would work well for

exfoliation and dispersion of graphene.

65



To determine surface energy of the solvent we have to know the surface tension of the

solvent. The following equation shows the relation between surface free energy and surface

tension of a solvent

ESol
Sur = γSolSur + TSSolSur (V.3)

Where ESol
Sur is the surface energy of the solvent, γSolSur is the surface tension of the sol-

vent, T is temperature in K, and SSolSur is the solvent surface entropy. SSolSur is a liquid property

that varies between 0.07 – 0.14 mJ m−2K−1. Hence, for calculation SSolSur is considered to

be 0.1 mJ m−2K−1. Now if we consider the temperature to be 25°C (298 K), then Eq V.3

becomes,

ESol
Sur = γSolSur + 29.8 (V.4)

Based on equation V.4 we can find ESol
Sur for different solvent as shown in table V.1.

As can be seen from the table that NMP and DMF have higher surface energy and will

work well for exfoliation of graphite. As mentioned earlier these are expensive and toxic,

hence were not used in this study. As per manufacturer’s note and the surface energy

calculation, isopropanol was used as dispersing media for powder processing where 2 wt%

and 5 wt% graphene nanoplatelets were mixed in isopropanol with SiC powder produced

using pyrolysis of AHPCS. However, one concern that has not been addressed surprisingly

is the possibility of agglomeration of the nanofillers after the solvent is evaporated before

further processing. In most cases, the solvent is dried using rotary evaporator or by heating

to a higher temperature.

To avoid the possibility of re-agglomeration, another set of samples were prepared us-

ing the polymer precursor (AHPCS) as dispersing media. From table V.1 it is evident that

AHPCS is also energetically favorable for graphene exfoliation and dispersion. Moreover,

dispersion using the solvents mentioned above (NMP, DMF, and IPA) have been shown to
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Solvent Surface tension, γ ( mJ/m2) Surface energy, ESol
Sur (mJ/m2)

N-methyl-pyrolidone (NMP) 40.1 69.9
Dimethylformamide (DMF) 37.1 66.9
Isopropanol (IPA) 21.7 51.5
Allylhydridopolycarbosilane (AHPCS) 30.0 60.0

Table V.1: Surface energy for different solvent.

be stable for 4–5 weeks before graphene nanoplatelets starts to re-aggregate again [175].

Keeping this in mind, we believe that using AHPCS as dispersing media and later py-

rolyzing it would result in entrapment of exfoliated graphene sheets in SiC matrix. This is

schematically represented in Fig. V.1.

Figure V.1: Schematic of graphene-AHPCS pyrolysis.

V.2 Polymer–Ceramic formation

FTIR was performed to identify any change in conversion from polymer to ceramic due

to the addition of graphene as shown in Fig. V.2. Polymer to ceramic conversion almost

follows the same curing process. Slight difference is observed in terms of peak intensity.

Both 2120 cm−1 (Si-H) and 2950 2120 cm−1 (C-H stretching in Si-CH3) have a lower peak

intensity at 350°C for 2wt% and 5wt% samples compared to AHPCS pyrolyzed at 350°C.

However, this does not affect the pyrolysis cycle and at 1400°C a sharp peak for SiC can

be observed. There is also a peak at around 1500 cm−1 that corresponds to C=C bending

due to the addition of graphene nanoplatelets.
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(a) (b)

Figure V.2: IR Spectra for (a) AHPCS-2wt% C and (b) AHPCS-5wt% C heated to 350°C
(i), 650°C (ii), 900°C (iii), 1150°C (iv), and 1400°C (v).

V.3 Relative density and Densification

Variation of relative density as a function of sintering temperature and graphene content is

presented in table V.2. It is interesting to note that graphene content influence densification

along with sintering temperature. Moreover, different dispersion routes also have effect on

evolution of porosity in the bulk compact. Absolute density was calculated using rule of

mixture as shown in equation V.5.

ρc =
1

(Wf/ρf ) + (Wm/ρm)
(V.5)

Where, ρc =Density of the composite, Wf and Wm are weight fractions of graphene

nanoplatelets and SiC, respectively, ρf = 2.2 g/cc is density of xGnP platelets and ρm =

3.21 g/cc is density of SiC.

From table V.2 it can be clearly seen that temperature plays an important role in den-

sification with graphene addition. Especially in case of separate graphene addition in SiC

matrix using IPA, even at 2000°C the relative densities are 85% for 2wt% C and 88% for

5wt% C addition. Moreover, open porosities are much higher compared to other samples.

However, at 2100°C density improves for both samples. It is believed that addition of car-
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Sintering Sample Density Relative density Open porosity
temperature (°C) (g/cc) (%) (%)

2000 AHPCS-2wt%C 2.92±0.09 92 1.70
2100 AHPCS-2wt%C 2.98±0.04 94 0.92
2000 AHPCS-5wt%C 2.87±0.05 92 4.27
2100 AHPCS-5wt%C 2.90±0.05 93 1.66
2000 SiC-2wt%C 2.70±0.05 85 11.83
2100 SiC-2wt%C 2.91±0.07 92 2.42
2000 SiC-5wt%C 2.77±0.03 88 8.73
2100 SiC-5wt%C 2.82±0.11 90 4.34

Table V.2: Density and open porosity of graphene reinforced SiC samples at 2000°C and
2100°C sintering temperature.

bon during sintering of SiC activates the sintering process. Furthermore, carbon helps in

eliminating the oxide impurities residing at the grain boundaries [178]. At higher sintering

temperature the following reaction takes place when there is no excess carbon [179].

SiO2 + nSiC = Si ↑ +SiO ↑ +CO ↑ +(n−1)SiC

Clearly, more volatile products are formed resulting in weight losses at higher sintering

temperature. On the other hand, excess carbon leads to the following reaction [179].

SiO2 + nSiC + 3 C = CO ↑ +(n + 1 )SiC

Hence, addition of C would reduce weight losses by reducing the production of volatile

phases during sintering. However, addition of carbon can affect densification mechanisms,

especially at higher weight fraction. It has been observed that higher weight fraction of

only carbon addition can hinder mass transport mechanisms in sintering of SiC [180]. Sto-

bierski et al. performed a systematic study on effect of carbon addition in sintering of

SiC [179]. They have observed that addition of 3wt% or more carbon can affect mass trans-

port mechanism which in turn affects pore elimination process and hinders densification of

SiC. Moreover, distribution of carbon content can affect the densification mechanism even

at lower weight fraction. This effect is evident in case of SiC-graphene samples where

the distribution of graphene is believed to be uneven due to processing technique. For

SiC-2wt% C and SiC-5wt% C, the densification mechanism is affected due to non-uniform

distribution of graphene and results in lower relative density. Increasing the sintering tem-
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perature to 2100°C, however, provides better densification for all the samples leading to

relative density at or above 90%.

V.4 Microstructural evolution

For the current work, 5wt% graphene-SiC powder prepared using polymer pyrolysis at

1400 °C was characterized using x-ray diffraction (XRD). Figure V.3 shows XRD patterns

of starting amorphous/nanocrystalline powder as well as samples compacted using SPS

technique. The XRD pattern of the initial graphene-SiC powder, obtained through pyrolysis

at 1400 °C, exhibited characteristic broad halo peaks with diffused intensity indicating an

amorphous/nanocrystalline structure. Moreover, a peak at 26.4° for (002) plane of graphite

Figure V.3: XRD patterns from amorphous SiC-graphene powder and spark plasma sin-
tered graphene-SiC compacts processed at 2100°C.

indicates the presence of graphene after pyrolysis. Note that this peak was not observed for

powder prepared using only AHPCS. SPS of amorphous/nanocrystalline powder at 2100

°C resulted in crystallization of amorphous powder during sintering. Peaks at 36°, 42°, 60°,

and 72° correspond to (111), (200), (220) and (311) planes of β-SiC (ICCD: 29–1129). It is

postulated in literature that well exfoliation and dispersion of graphene platelets will result

in either no peak or very small peak at 26.4° [177]. One can observe that for AHPCS-2wt%
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C, the peak at 26.4 is very small compared to other samples. Even with AHPCS-5wt% C

the graphene peak intensity is much smaller compared to SiC-2wt% C and SiC-5wt% C.

This also corroborates our earlier claim that using a separate solvent for dispersion results

in non-uniform distribution.

Figure V.4: Scanning electron micrographs of etched a) AHPCS-2wt%C, b) AHPCS-
5wt%C, c) SiC-2wt%C, and d) SiC-5wt%C sintered at 2000°C.

Full pattern analysis was performed using XFIT program utilizing fundamental param-

eters (FP) approach [156]. Calculated average crystallite sizes were 540, 495, 301, 407, and

368 nm for SiC, AHPCS-2%C, AHPCS-5%C, SiC-2%C, and SiC-5%C samples sintered

at 2100 °C, respectively. It has been previously reported that addition of graphene restricts

grain growth of ceramic matrix during sintering [181,182]. Addition of carbon lowers dis-

sociation pressure of SiC system rendering limited mass transport through the gas phase.

As a result, surface diffusion mechanism is restricted leading to grain refinement [179].

Similar effect is observed in the current study. For the same sintering temperature, addition
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of 5wt% C lead to 40% reduction in grain size.

Figure V.5: Scanning electron micrographs of etched a) AHPCS-2wt%C, b) AHPCS-
5wt%C, c) SiC-2wt%C, and d) SiC-5wt%C sintered at 2100°C.

Grain sizes were also estimated from SEM images of etched samples. Molten salt

etching was used for β-SiC-graphene samples sintered at 2000, and 2100 °C. In the etch-

ing process, etchant selectively etches the grain boundary delineating the microstructure.

Figure V.4 shows variation of microstructure based on powder preparation and graphene

content for samples sintered at 2000°C. Linear intercept method was used to estimate grain

sizes from the SEM images and the shape correction factor employed was 1.22 considering

equiaxed grains. At 2000°C sintering temperature, grain size vary only marginally with

the addition of graphene for both preparation process. For AHPCS-%C samples grain size

reduced from 338 nm for 2wt% C to 321 nm for 5 wt% C addition. Similarly, for SiC-%C

samples grain size also varied from 354 nm for 2wt% to 328 nm for 5wt% C addition.

Figure V.5 shows variation of microstructural change based on powder preparation and
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graphene content for samples sintered at 2100°C. It is interesting to note that at 2100°C

sintering temperature, refinement of grain is much prominent compared to 2000°C sam-

ples. For instance, AHPCS-%C samples showed average grain size of 430 nm for 2wt% C

whereas 5wt% C samples had average grain size of 335 nm. Similar grain refinement was

found in case of SiC-%C samples. SiC-2wt%C had an average grain size of 436 nm and

addition of 5wt% C changed the average grain size to 385 nm. Note that the darker regions

in the images are not inherent porosity of the samples, those are result of etching.

From the results presented here it is possible to conclude that addition of graphene as

a filler material certainly affect grain coarsening process. It acts as a barrier for surface

diffusion leading to grain size refinement. Moreover, this effect is more prominent in case

of higher sintering temperature as discussed above. One of the challenges in SiC sintering

is restriction of grain growth during sintering and addition of graphene nanoplatelets have

shown to be effective in doing so, particularly, at higher sintering temperature.

V.5 Thermal stability of graphene

Processing of SiC requires high sintering temperature and simultaneous pressure applica-

tion for dense bulk form. These processing parameters are considered harsh for any carbon

allotropes being introduced in the SiC matrix as filler material. Hence it is critical to obtain

information regarding the structural defects that are being introduced due to these process-

ing conditions. In the current study, as-received graphene nanoplatelets were subjected

to different pyrolysis cycle to observe any change in the x-ray diffraction peak as shown

in Fig. V.6. It should be mentioned here that these are not exfoliated graphene that were

subjected to pyrolysis cycle.

For as received graphene, we can see a prominent peak at 26.4°that corresponds to (002)

plane of graphite. Four other small peaks are observed at 44.4°, 54.5°, 77.4°, and 83.3°

corresponding to (100), (004), (110), and (112) planes of graphite. Pyrolysis to 1000°C

or 1250°C showed no change in the peak positions or peak shape for the nanoplatelets.
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Figure V.6: XRD patterns for as-received graphene and pyrolyzed to different temperatures.

However, at 1400°C a new peak corresponding to (103) plane can be seen at 60°. This

peak suggests crystallization of the nanoplatelets at 1400°C.

The experiment mentioned above subjects the nanoplatelets to higher pyrolysis tem-

perature. To understand the complex effect of SPS sintering another set of experiments

were performed on different graphene-SiC samples using Raman spectroscopy. Raman

spectroscopic analysis can help in detecting number of layers of graphene present in the

composite. Moreover, introduction of defects can be identified using this technique. Ra-

man signal of graphene is strong and comparable to graphite. Graphitic structure usually

have three distinct peaks. Peak at ∼ 1350 cm−1 is called D peak (in-pane stretching mode)

that provides information on defects present in the crystal structure. The other two peaks

are G peak at ∼1580 cm−1 that represents in-plane vibration of sp2 carbon atoms and G′

peak at ∼ 2700 cm−1 that represents second order of zone-boundary phonons [147]. The

marked difference between Raman signal of graphene and graphite is the shape and inten-

sity of the G′ band. In case of graphene, this band is sharp and can be considered a single

peak. On the contrary, in graphite, this band is broader and considered a convolution of

two peaks. Moreover, intensity of G′ peak is almost twice the intensity of G peak in single
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(a)

(b)

Figure V.7: Raman Spectra for (a) 2000°C samples and (b) 2100°C samples before nor-
malization.
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layer graphene and this can be used to identify single layer graphene. In the current study,

we are interested in determining the number of layers qualitatively from the G′ peak shape

and intensity. We also want to determine defect density after sintering process. Density of

defects in graphitic materials is determined using the ratio of intensities of D to G peaks

(ID/IG).

For the current study, freshly cleaved SiC and graphene-SiC samples were studied using

532 nm laser excitation. The laser power was kept at 0.8mW to prevent any heat induced

change in the observed spectra. 100µm spot size was used to collect information from

a broad region. For 3C-SiC transverse optical (TO) band is observed at 796 cm−1 and

longitudinal optical (LO) band is observed at 972 cm−1. Fig. V.7 shows Raman spectra

for all SiC and SiC-graphene samples sintered at 2000 and 2100°C. Without any presence

of carbon, the Raman spectra of 3C-SiC would only contain two peaks at 796 and 972

cm−1. However, even for monolithic SiC samples D, G and G′ peaks were observed at

1350, 1583, and 2701 cm−1 respectively. This is due to the excess carbon present in the

SiC matrix. Similar D, G and G′ peaks were also observed for all the other graphene-SiC

samples. To determine the effect of SPS processing, we have to unambiguously identify

the contribution of graphene nanoplatelets in these spectra. One way to deconvolute these

spectra was to normalize these spectra with respect to a common peak. To do so, there are

few assumptions. First of all, the absorption coefficient does not change in these materials.

And a peak for SiC should have similar intensity in all these materials since the spectrum

is collected over a broad region. Considering these, 796 cm−1 TO peak intensity ratio was

chosen as a normalizing factor for all the materials. Raman spectra for all the samples after

normalization is shown in fig. V.8.

Finally, the spectra for monolithic SiC was subtracted from graphene-SiC spectra to get

Raman signal only from graphene nanoplatelets as shown in fig. V.9. After subtraction,

D, G, and G′ peaks can be identified for AHPCS-2wt% C and AHPCS-5wt% C samples

sintered at 2000 and 2100°C. However, negative D, G, and G′ were observed for SiC-2wt%
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(a)

(b)

Figure V.8: Raman Spectra for (a) 2000°C samples and (b) 2100°C samples after normal-
ization using 796 cm−1 peak ratio as normalizing factor.
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(a) (b)

Figure V.9: Raman Spectra for (a) 2000°C samples and (b) 2100°C samples after subtrac-
tion of the spectra of monolithic SiC.

C and SiC-5wt% C samples sintered at 2000°C. For 2100°C sintering temperature, no D,

G, and G ′ were observed for SiC-2wt% C and SiC-5wt% C samples.

(a) (b)

Figure V.10: (a) Image of SiC-2%C sample with circles indicating places of Raman mea-
surement, and (b) Raman spectra for those two positions.

Raman spectroscopy on the surface of SiC-%C samples was used to investigate the

anomaly described above. 2 µm spot size was used to ensure the spectra was collected

from a small region. Fig. V.10(a) shows an image of the SiC-2%C sample surface with

red and black circle indicating positions of the sample where Raman measurements were

taken. From fig. V.10(b) it can be observed that Raman spectra for the black circle indicates
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only presence of carbon. Peak corresponding to SiC is not present in that spot. The spectra

shows D, G, and G′ peak which are characteristic peaks for graphite or graphene. It is inter-

esting to notice that the intensity ratio of G′ to G is ∼0.43 in this spectra and this suggests

that it is a characteristic spectra for crystalline graphite [183]. Moreover, the G′ peak is

broader and is a convolution of two components. After moving away from the black circle

to the red circle, the spectra changes and presence of SiC TO (796) and LO (972) peaks

can be seen. Also, intensity ratio of G′ to G peak changes to a higher number indicating

few layers of graphene. Hence, it can be concluded that SiC-2%C sample contains regions

of graphene agglomerates in the form of graphite.

(a) (b)

Figure V.11: (a) Image of SiC-5%C sample with circles indicating places of Raman mea-
surement, and (b) Raman spectra for those three positions.

Slightly different behavior was observed for SiC-5%C sample as shown in fig. V.11.

For this sample three locations were chosen to get Raman spectrum (fig. V.11(a)). The

black circle is in the center of the crevice, the red circle is at the interface of the crevice and

the surface, and the blue circle is away from the crevice. Now, from fig. V.11(b), Raman

spectrum at the black circle corresponds to crystalline graphite (graphene agglomerates)

as was observed for SiC-2%C. Moreover, the G′ peak is at a higher wavenumber (2719)

and the D peak is very weak. This suggests that this spectra refers to crystalline graphite

without defect. At the interface, Raman spectrum shows presence of SiC (two small peaks)
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and a higher D (1359) peak. This higher D-band infers chemical bonding between SiC and

GNP agglomerates. Even after moving away from the agglomerates, the Raman spectrum

does not change significantly. For the composite (blue circle), the spectrum shows TO

(796) and LO (972) peaks for SiC and D, G, and G′ bands for graphite. Note that intensity

for G′ band was less than half of intensity of G band and was still at a higher wavenumber.

This indicates presence of agglomerates even on the surface. Therefore, it is certain that

SiC-5%C contains larger regions of GNP agglomerates.

From the above discussion, it can be inferred that SiC-2%C and SiC-5%C samples con-

tain agglomerates and Raman spectra collected from these materials would have effect of

these agglomerates on the intensity of D, G, and G′ band. Wang et al. have reported that

intensity of G band is almost similar for monolayer graphene and graphite [184]. However,

with increase in number of graphene layers there is linear increase in intensity of G band

till 10 layers and after that it starts to decrease. As SiC sample produced Raman spectrum

that resembled spectrum of multilayer graphene, it will have higher G band intensity com-

pared to SiC-%C sample which contains crystalline graphite. Moreover, G′ band in GNP

agglomerates produced much lower intensity as compared to multilayer graphene. As a re-

sult, subtraction of spectrum of monolithic SiC from SiC-%C samples resulted in negative

peak.

Number of graphene layers

Graf et al. developed a method to determine number of graphene layers from the relative

integrated intensity of G/G′ [185]. According to their work, the relative integrated intensity

of G/G′ varies from 0.25 to 0.63 linearly for 1 to 4 number of graphene layers. Then

the ratio becomes 0.7 for 6 layers and above 0.85 the number of layers is more than 10,

therefore making it difficult to distinguish between multilayer graphene and graphite. For

the current study, after subtraction of the spectrum of monolithic SiC, we had spectrum

only from the platelets added to the matrix. Those spectra were used for calculating the

integrated intensity ratio of G and G′ . For samples sintered at 2100°C, AHPCS-2%C and
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AHPCS-5%C had the integrated intensity ratio of 0.56, and 0.81 respectively that suggest

∼4 layers of graphene in AHPCS-2%C and more than 6 layers of graphene in AHPCS-5%C

sample. For samples sintered at 2000°C, the ratio were 0.6, and 0.9 for AHPCS-2%C, and

AHPCS-5%C samples respectively. Therefore, we can consider AHPCS-2%C samples had

better exfoliation of graphene platelets and had platelets containing 4–5 layers of graphene

sheets. However, at 5wt% loading the platelets were not exfoliated as compared to 2wt%

samples and had 6 or more graphene sheets in them.

Defect density

Density of defects in graphitic materials is usually inferred from the ratio of intensities of

D to G peaks (ID/IG). The D to G peak intensity ratios are presented in fig. V.9 for sam-

ples sintered at 2000, and 2100°C. Average defect density for both sintering temperature

shows similarity. At 2wt% the defect density is almost 1.5–2 times the defect density at

5wt%. As 2wt% samples had better exfoliation, that resulted in higher surface area for

graphene platelets to interact with the host matrix and induce more defects. Moreover,

higher multiplication of GNPs due to exfoliation also results in higher defect density. On

the contrary, 5wt% samples had more number of graphene layers that resembles nanocrys-

talline graphite. Hence, the defect density was much lower for 5wt% sample. This behavior

has been observed for other graphene-ceramic composite [186].

V.6 Effect of graphene nanoplatelets on hardness of nanocomposites

The focus of this study is to improve toughness of SiC matrix using graphene nanoplatelets

as reinforcing filler. However, it is desirable to keep other mechanical properties of SiC

at least similar to the matrix properties if not enhanced. Hardness is ability of a material

to resist permanent deformation under load. Hence it is critical to understand the effect

of addition of graphene on hardness of the composites. Surprisingly, most of the pub-

lished literature do not report the effect of nanofiller addition on hardness of the composite.

Generally, it is considered that addition of a nanofiller would increase or decrease the hard-
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ness of the composite depending on the hardness of the 2nd phase. Nonetheless, effect of

nanofillers in deciding the hardness of the host matrix is not well explained in literature.

(a) (b)

Figure V.12: Vickers hardness for (a) 2000°C samples and (b) 2100°C samples as a function
of graphene weight fraction.

Vickers hardness is plotted in fig. V.12 as a function of graphene weight fraction for

graphene-SiC matrix sintered at 2000°C and 2100°C. From the figure, we can see that

hardness varies as a function of graphene content. Moreover, this variation also depends on

the processing route that was used. In literature, various allotropes of carbon such as fiber

or nanotube are considered as a soft phase [187] and considered a reason for decrease in

hardness of the composites. Recently, Kim reported the use of rule of mixture for estimat-

ing the hardness of a composite with a soft and a hard phase as shown below [188].

Hup
c = vhHh + vsHs (V.6)

H low
c =

1

vh/Hh + vs/Hs

(V.7)

Where, Hh and Hs are hardness values of hard and soft phases, respectively. vh and

vs are the volume fractions of hard and soft phases, respectively. The subscript ‘up’ is for

upper bound and subscript ‘low’ is for lower bound of hardness of the composite. These
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equations are based on Reuss and Voigt model where Reuss model consider that all the

elements of the composite bear equal stress (Eq V.7) and Voigt model considers that all the

elements undergo equal strain (Eq V.6). If we consider SiC matrix to be hard phase and

graphene nanoplatelets to be soft phase, then we can calculate the volume fraction by using

vs =
ρc
ρs
ws (V.8)

vh =
ρc
ρh
wh (V.9)

Where ρc is density of the composite, ρs and ρh are densities of soft and hard phases,

respectively. So, the volume fraction of graphene is, vs = 0.0292 when ws = 0.02% and

vs = 0.0729 for ws = 0.05. It should be noted that Reuss and Voigt models do not take

porosity into account. Therefore, hardness of SiC was considered to be 22.64 and 25.08

GPa for 2000 and 2100°C sintering temperature respectively. These values represent the

hardness of these materials with almost similar porosity. For the soft phase, hardness of

graphite was considered to be Hs = 1.5 GPa. Following equations V.6 and V.7 we found

the upper and lower bound of the hardness of the composites as shown in fig. V.12.

It is postulated that uniform distribution of soft phase will lead to hardness close to up-

per bound whereas non-uniform dispersion of soft phase will lead to hardness value close

to lower bound. From the table we can see that for AHPCS-2wt% C hardness values are al-

most similar to upper bound values for both 2000 and 2100°C. However, for AHPCS-5wt%

C hardness values are slightly smaller than upper bound values for both 2000 and 2100°C

indicating some aggregation. On the contrary, for SiC-%C samples hardness values were

close to or lower than lower bound hardness value. Especially, in case of SiC-2wt%C sin-

tered at 2000°C, the hardness value is almost half of lower bound hardness. This sample had

much higher porosity (∼15%) compared to all the other samples sintered at 2000°C. Thus

the reduction in hardness was a convoluted effect of non-uniform distribution of graphene
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nanoplatelets and higher residual porosity. As discussed in the previous section, for SiC-

%C samples graphene agglomerates in the form of graphite were detected. This indicates

formation of agglomerates due to the processing technique can affect hardness adversely.

V.7 Toughening by graphene nanoplatelets

The focus of the current investigation is to increase fracture toughness of SiC matrix by

reinforcing it with high strength and high modulus graphene nanoplatelets. The addition

of such platelets are expected to increase overall toughness of the composite by inducing

various extrinsic toughening mechanisms. Crack trapping is one of the most recognized

toughening mechanisms that has been identified around 1960. As crack propagates through

the matrix, crack front comes across the filler particles and gets arrested. With increase in

load, parts of the crack front bow out if the filler particle is sufficiently tough and meets

up with crack front. In this way, energy required for the crack front increases resulting in

toughening of the matrix. Another toughening mechanism is crack bridging. Crack bridg-

ing occurs when faces of an advancing crack are bridged together by impenetrable particles

for some distance behind the crack tip and thereby reduce effective crack-tip intensity. The

size of this bridging zone depends on the breaking strength of the filler particles. Crack

deflection is another toughening mechanism that includes crack front and filler particle in-

teraction leading to non-planar crack. In this case, as the crack front changes its direction,

more surfaces are created and energy required to create those surfaces leads to enhance-

ment in toughness of the matrix material. Crack tip shielding, a toughening mechanism,

is observed when a macroscopic crack tip comes across a micro-crack region. The micro-

cracks provides a shielding effect by redistributing and reducing the near tip stresses. This

in turn increases the fracture toughness.

For the current investigation, fracture toughness values were measured using direct

crack measurement (DCM) method. Samples with proper radial cracks were used for

toughness measurement. Variation of fracture toughness of graphene-SiC composites is
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(a) (b)

Figure V.13: Fracture toughness of (a) 2000°C samples and (b) 2100°C samples as a func-
tion of graphene weight fraction.

shown in fig. V.13. For AHPCS-2wt%C samples 40% increase in fracture toughness is

observed compared to monolithic SiC at 2000°C sintering temperature. Addition of more

nanoplatelets do not improve toughness after that. Similarly, we can see improvement of

fracture toughness for AHPCS-2wt% C samples over monolithic SiC at 2100°C sintering

temperature. Interestingly, SiC-2wt% C also shows improvement in fracture toughness

compared to monolithic SiC at both sintering temperature. However, we call this improve-

ment ‘apparent’. As we know, in DCM method fracture toughness is a function of load,

elastic modulus, hardness and radial crack length. If we consider the load and the crack

length to be constant, then we get,

KIC ∝
(
E

H

)1/2

(V.10)

From Eqn V.10, one can see that fracture toughness is inversely proportional to hardness

value. Therefore, reduction in hardness of the material will result in improvement in frac-

ture toughness even though the radial crack length is unaffected by the filler addition. Note

that for SiC-2wt%C the hardness values were 62% and 36% lower compared to monolithic

SiC sintered at 2000 and 2100°C, respectively. Thus, the apparent improvement in fracture

toughness for SiC-2wt% C samples can not be considered due to any toughening by filler
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material. Surprisingly, this effect has been ignored in published literature. For instance,

Figure V.14: Indentation radial crack shown for (a) AHPCS-2wt%C and (b) SiC-2wt%C
sintered at 2100°C.

Walker et al. reported remarkable increase in fracture toughness of Si3N4 by incorporating

graphene platelets (GPL) [133]. In their work, fracture toughness of Si3N4 increased from

2.8 to 6.6 MPa-m1/2 with addition of 1.5vol% GPL. However, hardness value decreased

from 22.3 to 15.7 GPa for the same GPL content. It is easily noticeable that this increase

in toughness is not only a result of increase in fracture resistance. Rather it is dependent

on both increase in fracture resistance and decrease in hardness of the composite. Thus we

believe while determining fracture toughness using DCM, this effect of hardness should

be considered. Fig. V.14 shows an example of indentation fracture of AHPCS-2wt% C

and SiC-2wt% C samples sintered at 2100°C. SiC-2wt%C shows a lot of porosity while

AHPCS-2wt% C is quite dense.

Mechanism of toughening

Fracture toughness measurement only provides quantitative values of fracture resistance

without providing the reason behind toughening. In order to investigate the toughening

mechanism, it is important to analyze crack propagation through these materials. For the

current study, crack profiling was used for understanding toughening mechanism.

Crack profiling

For understanding the crack propagation process, monitoring the crack front during in-

dentation would have been ideal. Nonetheless, in-situ crack propagation monitoring is

86



challenging and only possible for transparent materials such as glass. Hence, posteriori

examination of the crack can provide valuable information regarding crack front and parti-

cle interaction. Indentation cracks for all 2000 and 2100°C samples were examined from

Figure V.15: A representative crack profile for an AHPCS-%C sample.

SEM images. The lengths of the radial crack and change in angle of the crack front were

measured with respect to the direction of crack propagation. Fig. V.15 shows a represen-

tative crack path and a line indicating the direction of propagation. After measuring the

deflection angles, histograms were prepared. The frequency distribution of the deflection

angle is presented in fig. V.16(a). The distribution is bimodal in nature for all the materials.

The first distribution is for angles between 0 and 5°. For SiC and SiC-2%C sample, this

distribution has a higher frequency (0.65) whereas AHPCS-2%C has a much lower fre-

quency (0.3). This indicates toughening in AHPCS-2%C material. The second distribution

is centered near 15 and 20° for SiC and SiC-2%C sample respectively. For higher tough-

ness this distribution should translate towards higher deflection angle. For AHPCS-2%C,

this distribution shifts towards 35°. This can be clearly understood from fig. V.16(b), where

cumulative frequency is plotted as a function of deflection angle. It can be clearly seen that

the median deflection angle for SiC, SiC-2%C and SiC-5%C samples are at much lower
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(a) (b)

Figure V.16: Plot of (a) frequency distribution of measured deflection angle (b) cumulative
frequency distribution of measured deflection angle.

angle ( 5°) and correspond to lower fracture toughness. On the other hand, the median de-

flection angle for AHPCS-2%C and AHPCS-5%C samples increases to∼ 35° representing

higher fracture toughness.

Crack deflection model

Faber and Evans developed a theoretical model for different filler geometry and have shown

that crack deflection is the dominant mechanism in platelet reinforced ceramic [189, 190].

When an advancing crack meets a secondary inclusion, it tilts at an angle depending on

the geometry, position, and residual stress developed between the particle and the matrix.

Subsequently, the crack twists if the adjacent filler drives the crack to tilt in the opposite

direction. As a result there is increase in fracture surface area leading to larger energy

absorption in comparison with monolithic material. While the initial crack front grows

under mode I stress intensity, tilting and twisting of the crack forces the crack to grow under

mixed mode condition. Hence, increment in toughness by deflection was evaluated using

local stress intensities at the tilted and twisted crack front. Using strain energy release rate

and stereological projection the following equations were developed by Faber and Evans,
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(Gt
c)sphere

Gmatrix
c

= 1 + 0.87Vf (V.11)

(Gt
c)rod

Gmatrix
c

= 1 + Vf (0.6 + 0.014(L/d)− 0.0004(L/d)2) (V.12)

(Gt
c)plate

Gmatrix
c

= 1 + 0.28Vf (d/t) (V.13)

Where (Gt
c)sphere
Gmatrix

c
, (Gt

c)rod
Gmatrix

c
, and (Gt

c)plate
Gmatrix

c
are fracture energy ratio of composite to mono-

lithic material for spherical, rod shaped and plate shaped filler material. Vf is the volume

fraction of the filler, L/d is the length to diameter ratio for rod, and d/t is the diameter to

thickness ratio for plate.

Figure V.17: Normalized toughening increment for crack deflection mechanism as a func-
tion of particle aspect ratio for three different morphologies.

Considering these equations, if the increment in toughening (normalized) is plotted

against aspect ratio we get fig. V.17. It is interesting to note that plate shaped particles

with high aspect ratio can have extreme toughening due to crack deflection mechanism. On

the contrary, spherical or rod shaped inclusion show minimal effect on toughening through

crack tilting. Hence, it is apparent that graphene platelet with high aspect ratio would

provide more toughening compared to carbon nanotube or other spherical inclusion.

For the current investigation, fracture energy was calculated using, Gc =
K2

Ic(1−ν2)

E
,

where KIc, E, and ν are fracture toughness, Elastic modulus, and Poisson’s ratio respec-
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tively. KIc andE were used from experimental results and ν was assumed to be 0.2. Values

of Gc are plotted as a function of weight fraction in fig. V.18. Based on the model, fracture

energy should increase with platelet volume fraction if the aspect ratio remains the same.

Experimental results show that at 2wt% graphene fracture energy is comparable to the pre-

dicted behavior, however, at higher loading condition the behavior of the material deviates

from the model. This deviation is due to decrease in aspect ratio of the platelets due to

higher platelet thickness at higher weight fraction. To corroborate this we have plotted the

theoretical behavior for decreasing aspect ratio with increasing weight fraction and it can

be seen that experimental results closely follows the predicted behavior at higher weight

fraction.

Figure V.18: Increment in fracture energy as a function of weight fraction.

From the above discussion, it can be concluded that crack deflection is the main tough-

ening mechanism observed in the graphene reinforced composites. Moreover, crack profil-

ing process shows that SiC-%C samples do not show toughening behavior as compared to

monolithic SiC sample.

V.8 Correlation between toughness and acoustic energy

During Vickers indentation, fracture of brittle material under the indenter results in release

of stored elastic strain energy in the form of acoustic emission. Careful monitoring of these
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acoustic events can help in understanding the fracture behavior of the material. In the cur-

rent study, acoustic emission events were monitored during Vickers indentation to correlate

the fracture behavior to the released acoustic energy. Fig. V.19 show cumulative acoustic

energy released during indentation for 2% and 5% graphene reinforced SiC samples sin-

tered at 2000°C. During initial elastic indentation period the energy is much smaller as it

only corresponds to the friction between the indenter and the material. After about 15 sec-

onds, there is an abrupt increase in the acoustic events as the material started to fracture till

the indentation load reached its nominal value. After that there is minimal acoustic events

under constant indentation load. This suggests that crack formation and propagation take

place during the initial loading period and hold period does not influence crack propaga-

tion significantly. Finally, minimal AE events are observed during unloading. This slight

increase is due to friction between the indenter and the surface.

(a) (b)

Figure V.19: Cumulative acoustic energy as a function of time for (a) 2%C samples sintered
at 2000°C (b) 5%C samples sintered at 2000°C.

Dyjak et al. divided the acoustic emission events into two parts during indentation [191].

During loading, release of acoustic waves with lower amplitudes were correlated to the for-

mation of radial cracks. Subsequent acoustic waves usually were higher in amplitude that

were mainly due to wing cracks developed during unloading. However, in the current

study, post-indentation SEM revealed that wing cracks were not formed during unloading.
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Hence, abrupt increase in acoustic energy was mainly due to formation of radial cracks

during loading.

Cumulative acoustic energy can be correlated to the radial crack growth. Gerberich

et al. were the first to correlate the sum of stress wave amplitude to the area swept by

the radial crack [192]. They developed the following semi-empirical formula based on

elasticity theory,

∆A ≈
(∑

g
)2

E/K2 (V.14)

Where ∆A is the incremental area swept by the radial crack,
∑
g is the sum of the

stress wave amplitudes corresponding to the incremental growth, E is the elastic modulus,

and K is the stress intensity factor. For a material, E and K would be constant and we will

get,

∆A ∝
(∑

g
)2

(V.15)

From the definition of acoustic energy, E, is proportional to the square of the amplitude

of the wave. That is E ∝ g2. Hence, we can write,

∆A ∝ ∆E (V.16)

From Eqn V.16, it is evident that area swept by the advancing crack is proportional to

the increment in acoustic energy recorded during fracture. Gerberich et al. verified this

observation experimentally for material with different thickness. Later, Dyjak et al. also

observed similar behavior for indentation on silicon carbide. They developed an empiri-

cal relation between AE energy and the radial crack length. Based on that relation higher

crack length would produce higher acoustic energy. However, fig. V.19 does not seem

to show such relationship at a first glance. If we consider larger crack length will result

in larger area swept by the crack then looking at table V.3, one can see that SiC, SiC-
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Sample Radial crack length (µm) Cumulative AE energy (eu)

SiC 94 4144
AHPCS-2%C 78 5772
SiC-2%C 98 5362
AHPCS-5%C 84 5574
SiC-5%C 107 5755

Table V.3: Radial crack length and cumulative AE energy for SiC and graphene reinforced
samples sintered at 2000°C.

2%C, and SiC-5%C show this proportional relationship. On the contrary, AHPCS-2%C

and AHPCS-5%C even with smaller radial crack length as compared to monolithic SiC,

show higher cumulative energy. This can be explained based on the definition of the radial

crack length. Radial crack length is the length of the crack from the center of the indent

till the end without taking the deflection of the crack into account. Therefore, even with

smaller radial crack length, in case of AHPCS-2%C and AHPCS-5%C, higher cumulative

acoustic energy was possible since deflection of the radial crack due to the uniform distri-

bution of graphene platelets resulted in higher area swept by the advancing crack. Similar

observation was reported by From et al. [193]. They have observed that incorporation of 5

wt% Al2O3 in zirconia (ZrO2) matrix resulted in 16% increase in fracture toughness with

higher cumulative acoustic energy. The higher value of cumulative acoustic energy was

attributed to energy dissipation during crack propagation as the crack had to overcome the

platelet barrier. Mei et al. correlated work of fracture to cumulative acoustic energy car-

bon fiber reinforced SiC [194]. They concluded that AE energy can be used quantitatively

for toughness characterization and is directly proportional to the flexural work of fracture.

However, they did not see a direct correlation between fracture toughness and cumulative

acoustic energy. Similarly, we can conclude that acoustic energy is not proportional to

fracture toughness (radial crack length), but area swept by the crack correlates well with

the acoustic energy and can be used as a qualitative tool to understand fracture behavior of

ceramic composites.
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V.9 Effect of graphene nanoplatelets on strength of nanocomposites

In the current study, the main focus is toughening of the SiC composite through extrin-

sic toughening mechanisms. However, it is desirable to maintain the strength at the same

level as compared to the monolithic SiC. Fig. V.20 shows flexural strength of the compos-

ites sintered at 2000 and 2100°C. While AHPCS-%C samples showed 5 – 20% strength

improvement, strength reduction was observed for SiC-%C samples. As highly localized

residual stresses develop around a second phase in a ceramic composite due to differences

in coefficient of thermal expansion (CTE), and elastic properties, size of the platelet plays

an important role in deciding unstable crack initiation. When a flaw in a ceramic reaches a

critical size, catastrophic fracture initiates. Hence, to understand the effect of the inclusion

on strength it is important to calculate the critical flaw size in these composites. To have

any strengthening effect on the ceramic composite, the platelet size has to be smaller than

the critical flaw size.

(a) (b)

Figure V.20: Flexural strength as a function of graphene content for (a) samples sintered at
2000°C, and (b) samples sintered at 2100°C.

Based on Griffith’s fracture criterion, cracks should be observed adjacent to any second

phase particle as maximum tensile stress around the particle does not depend on particle

size [195]. However, Davidge and Green showed that the stress around a particle depends

on its size [196]. According to them, stresses around a particle is highly localized and
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limited amount of stored strain energy is associated with a particle based on its size. Hence,

crack extension would only occur if the stored strain energy is sufficient. Lange also used

an energy balance approach to determine the critical particle size that can result in unstable

crack growth [197]. Both of these approach consider spherical inclusion and residual stress

around the particle while determining the critical flaw size. Moreover, the volume fraction

of the second phase was also ignored in these cases. Pompe et al. also used an energy

based approach and developed relation for determining the critical flaw size [198]. In their

analysis, it was considered that the failure occurs in the matrix adjacent to the particle due

high local stress field. This stress field was considered to be a superposition of the external

load and the residual stress in the matrix near the platelet. So, the critical the flaw size can

be estimated using the following Eqn,

Ccrit =
K2
Ic

ξ2(σf + σres)2
(V.17)

Where, KIc is the fracture toughness, ξ is the compliance function and is 1.25, σf is the

fracture strength and σres is the residual stress around the platelet. Residual stress around

the platelet can be estimated using Eqn. V.18

σresp = −3vm
(αp − αm)∆T

vp/Km + vm/Kp + 3/4Gm

(V.18)

Where α, v, K, G are the coefficient of thermal expansion, volume fraction, bulk mod-

ulus, and shear modulus, respectively, and ∆T is the temperature difference on going from

the stress free state to room temperature. Subscript p, and m correspond to platelet, and

matrix, respectively. Bulk and shear modulus were calculated using elastic modulus of the

respective materials. Elastic modulus of SiC was determined using nanoindentation and

for graphene it was considered to be 1000 GPa based on literature. For determination of

residual stress on the platelet the values of the variables used in Eqn. V.18 are listed in

Table V.4. Volume fraction of graphene was considered to be vp = 0.0292 when weight
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fraction is 2% and vp = 0.0729 when weight fraction is 5%.

Variable Value unit

αp 6× 10−6 /°C
αm 4× 10−6 /°C
∆T 1375 °C
Em 430 GPa
Ep 1000 GPa
Km 256 GPa
Kp 641 GPa
Gm 176 GPa

Table V.4: Variables used for calculation of residual stress on platelet due to coefficient of
thermal expansion mismatch.

Figure V.21: Critical flaw size as a function of fracture strength.

While determining the critical flaw size using Eqn. V.17, fracture toughness values

obtained in this study were used. Critical flaw size for both 2 wt% and 5 wt% samples

were plotted as a function of fracture strength in fig. V.21. As shown in fig. V.20, fracture

strength varies between 150 MPa to 320 MPa for all the samples tested in this study. Hence,

critical flaw size in these composites can be ∼ 9.5 – 14 µm depending on the volume

fraction and fracture strength of the composites. As the average platelet size used in this

study is 5 µm, the platelet would not act as a critical flaw in these composites if they do not

form agglomerate due to processing. Therefore, platelet can provide strengthening to the

composite.
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Strengthening observed in the AHPCS-%C samples was due to two reasons. Firstly,

average platelet size in AHPCS-%C samples varied between 3 – 6 µm. Since, platelet size

is smaller than critical flaw size and CTE of platelet is higher than matrix, then the residual

stress developed in the matrix is compressive in nature. This compressive stress reduces

the external tensile load through superimposition and increases strength of the composite.

Secondly, strengthening can also occur through toughening. Fracture strength is related to

(a) (b)

Figure V.22: Size of agglomerates shown in (a) SiC-2%C sintered at 2000°C, and (b) SiC-
5%C sintered at 2000°C.

fracture toughness by the following relation,

σf = β

(
KIc

c1/2

)
(V.19)

Where β is a constant and c is critical crack length. As we have seen improvement in

toughness in AHPCS-%C samples, strengthening is also expected in these material.

On the contrary, SiC-%C samples showed reduction in strength. As all the samples

had almost similar relative density, strength can only be affected by agglomerates that are

larger than critical flaw size for initiation of unstable crack growth in these composites. To

check the size of agglomerates in these samples, SEM images were taken of the fractured

surface. Fig. V.22 shows average size of agglomerates seen in SiC-2%C and SiC-5%C

samples. Based on the fracture strength, critical flaw sizes for SiC-2%C and SiC-5%C

are ∼ 10.5 and 10 µm. From fig. V.22 it can seen that the size of the agglomerates are
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larger than critical flaw size. Such agglomerates act as critical flaw in these composites

and act as fracture initiation point. Hence, reduction in strength was observed in these

composites compared to monolithic SiC samples. Niihara et al. observed similar behavior

in SiC platelet reinforced Al2O3 composites [199]. With 2µm particle strengthening was

observed even for 10 vol%, however, with 8µm particle strength degraded at 10 vol% due

to particle size exceeding critical flaw size. Davidge et al. reported strengthening in thoria

sphere reinforced glass ceramic as the spheres were smaller than critical flaw size and well

dispersed in the glass matrix [196].

In summary, platelet reinforcement can result in strengthening in ceramic composite if

the platelet size is smaller than the critical flaw size. For AHPCS-%C samples size such

was the case and strengthening was observed. On the other hand, improper dispersion of

platelets can result in formation of agglomerates that are larger than critical flaw size, and

thereby reduces strength of the composite. Formation of agglomerates larger than critical

flaw size in SiC-%C samples severely affected strength of those composites by acting as

unstable fracture initiation point.
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CHAPTER VI

Summary and future work

Polymer pyrolysis technique followed by spark plasma sintering technique was used suc-

cessfully to fabricate fine grained bulk SiC and graphene-SiC samples by in-situ crystal-

lization of amorphous-SiC obtained from pyrolysis of polymer precursor. Based on exper-

imental results the following has been observed:

1. Polymer pyrolysis yielded starting powder that was mostly amorphous. IR study

revealed that hydrosilylation and dehydrocoupling reactions take place during pyrol-

ysis of the polymer. Even at 900°C pyrolysis temperature presence of hydrogen was

detected. At 1150°C hydrogen was completely expelled from the structure. Pyrolysis

to higher temperature (1400°C) resulted in complete conversion of the polymer.

2. SPS technique was successful in producing high density fine grained SiC. The sin-

tering temperature played a vital role in compacting SiC, where β-SiC phases were

formed due to in-situ crystallization of amorphous SiC. Initiation of rapid densifica-

tion starts around 1900°C sintering temperature as determined from punch displace-

ment data. Increase in the processing temperature resulted in an increase in the rela-

tive bulk density from 60% to 95% through ordering of the structure. Grain size mea-

surement using XRD and SEM revealed that crystallite size increased from 97 to 540

nm with increasing sintering temperature from 1600 to 2100 °C. Even with very high

sintering temperature grain growth was restricted due to amorphous/nanocrystalline

starting powder and SPS sintering technique.

3. Reduction of porosity at higher processing temperature resulted in increase in Vick-
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ers hardness. The highest flexural strength of ∼302 MPa was observed for SiC sin-

tered at 2100 °C at a relative density of 95%, which is 4.5% greater than that of

near theoretically dense commercially available microcrystalline SiC (Hexoloy SA).

Moreover, SiC sintered at 2100°C showed 40% higher fracture toughness compared

to Hexoloy SA. For comparison, commercial SiC powder was sintered using an addi-

tive. Strength and hardness values were lower for this material due to embrittlement

caused by the presence of impurity at the grain boundary. Hence, it is concluded that

the combination of polymer pyrolysis with spark plasma sintering technique yields

dense SiC with superior mechanical properties while restricting grain growth.

4. Two different dispersion routes were followed to make bulk samples at 2000°C and

2100°C. Thermodynamic calculation showed that the polymer precursor and IPA

can be used as a dispersing media. One set of samples were prepared using IPA as

dispersing media for dispersion of graphene in SiC matrix. Another set was prepared

utilizing AHPCS as dispersing solvent and graphene nanoplatelets were entrapped in

SiC matrix after pyrolysis. IR study confirms no change in pyrolysis characteristic

due to addition of graphene platelets.

5. Relative density measurement showed that addition of graphene can hinder densifi-

cation process. Especially at higher weight fraction carbon acts as a barrier to den-

sification mechanisms and results in lower density even at 2000°C. This was more

prominent for samples prepared using IPA as dispersing media. On the other hand,

addition of graphene as a filler material was shown to affect grain coarsening process.

It acts as a barrier for surface diffusion leading to grain size refinement. Moreover,

this effect is more prominent in case of higher sintering temperature (40% reduc-

tion). One of the challenges in SiC sintering is restriction of grain growth during

sintering and addition of graphene nanoplatelets have shown to be effective in doing

so, particularly, at higher sintering temperature.
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6. Hardness as a function of graphene weight fraction showed different trend for dif-

ferent processing routes. Analysis using Reuss-Voigt model indicated uniform dis-

persion of graphene content in case AHPCS-%C samples as they showed hardness

values close to upper bound hardness values. On the contrary, hardness of SiC-%C

samples were close to lower bound hardness values referring to non-uniform disper-

sion.

7. Addition of graphene nanoplatelet also affected fracture toughness of the compos-

ites. AHPCS-2wt%C sample showed 40% improvement over monolithic SiC sam-

ples. Analyzing crack profiles and measurement of deflection angle provided insight

into toughening process. Frequency distribution of deflection angle confirmed crack

deflection to be the main toughening mechanism. Acoustic emission study also cor-

roborated crack deflection to be contributing to the overall toughness of the compos-

ite.

8. Critical flaw size was calculated for all the samples. It was observed that for SiC-%C

samples formation of agglomerates resulted in platelet size larger than critical flaw

size and reduction in strength. However, for AHPCS-%C samples graphene platelets

were well dispersed and had strengthening effect. 5–20% improvement was observed

for AHPCS-%C samples.

9. Raman spectroscopic analysis confirmed presence of graphene in the final composite

structure. Number of graphene layers was estimated from relative integrated inten-

sity ratio of G/G′ . AHPCS-2%C samples had better exfoliation and 3–4 layers of

graphene in the platelets. However, AHPCS-5%C samples had more than 6 layers of

platelet and that resulted in a limited improvement in mechanical properties at higher

weight fraction.

While a good insight was gained on dispersion of graphene nanoplatelets and its ef-

fect on mechanical properties of SiC, there are other aspects of this composite that
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can be probed further. Detailed analysis presented in this study can be used as a ba-

sis for developing a numerical model. Such model can be used to predict variation

in properties as a function of graphene weight fraction. Transmission electron mi-

croscopy can be used to measure graphene platelet thickness to compare with Raman

spectroscopy results. Unfortunately, due to lack of facility this could not be included

in the current investigation. One other aspect that can be explored is the study of ki-

netics during the polymer to ceramic conversion while containing graphene platelets.

This would help in understanding the process better in terms of nucleation and grain

growth. Moreover, such study can help in tailoring the fabrication process to obtain

composites with better mechanical properties.
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